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Abstract 
 
Performance of indexable insert cutting tools is not only about the performance 
of cutting inserts. It is also about the cutting tool body, which has to provide a 
secure and accurate insert positioning as well as its quick and easy handling 
under severe working conditions. The common damage mechanisms of cutting 
tool bodies are fatigue and plastic deformation. Cutting tools undergo high 
dynamic stresses going in and out cutting engagement; as a result, an adequate 
level of fatigue strength is the essential steel property. Working temperatures of 
tool bodies in the insert pocket can reach up to 600°C, why the tool steel 
requires high softening resistance to avoid plastic deformation. Machinability is 
also essential, as machining of the steel represents a large fraction of the 
production cost of a cutting tool.  
The overall aim of the study is to improve the tool body performance by use of 
an advanced steel grade with an optimized combination of all the demanding 
properties. Due to the high-temperature conditions, the thesis concerns mostly 
hot-work tool steels increasing also the general knowledge of their 
microstructure, mechanical properties and machinability.  
Knowing the positive effect of sulphur on machinability of steels, the first step 
was to indentify a certain limit of the sulphur addition, which would not reduce 
the fatigue strength of the tool body below an acceptable level. In tool bodies, 
where the demand on surface roughness was low and a geometrical stress 
concentrator was present, the addition of sulphur could be up to 0.09 wt%. 
Fatigue performance of the cutting tools to a large extent depended on the steel 
resistance to stress relaxation under high dynamic loading and elevated 
temperatures. The stress relaxation behaviour, material substructure and 
dislocation characteristics in low-alloyed and hot-work tool steels were studied 
using X-ray diffraction under thermal and mechanical loading.  Different tool 
steels exhibited different stress relaxation resistance depending on their 
microstructure, temper resistance and working temperature. Hot-work tool 
steels showed to be more preferable to low-alloyed tool steels because of their 
ability to inhibit the rearrangement and annihilation of induced dislocations. 
High-temperature softening resistance of the hot-work tool steels was 
investigated during high-temperature hold-times and isothermal fatigue and 
discussed with respect to their microstructure. Carbide morphology and 
precipitation were determined using scanning and transmission electron 
microscopy. 
Machinability of a prehardened hot-work tool steel of varying nickel content 
from 1 to 5 wt% was investigated in end milling and drilling operations. 
Machining the higher nickel containing steels resulted in longer tool life and 
generated lower cutting forces and tool/workpiece interface temperature. The 
difference in machinability of the steels was discussed in terms of their 
microstructure and mechanical properties. 
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1 Introduction 
 
Metal cutting is among the oldest and most important material shaping 
processes which is widely used in the automotive, railway, ship-building 
industries, aircraft manufacture, home appliance, electronics and construction 
industries, etc. It covers all chip-forming operations in which a thin layer of 
metal, the chip, is removed by a wedge-shaped tool from a workpiece. Turning, 
drilling, boring and milling are some of the most important machining 
operations employed in shaping and sizing engineering components. These 
operations are usually done on the machine tools using different cutting tools, 
drills and milling cutters.  
Metal cutting economics is to a great extent about the tool performance. 
Cutting tools represent only some percents of production cost but have a 
significant influence on the total economy. Changing to a tool with longer and 
more predictable tool life, the machine runs with fewer stops and the time-
consuming maintenance caused by tool replacement is decreased. The increased 
operational times directly result in better profitability by higher productivity and 
lower production costs.  
Performance of indexable insert cutting tools is not only about the performance 
of cutting inserts. It is also about the cutting tool body, which has to provide 
the accurate positioning and secure support of cutting inserts under the tough 
working conditions. Within these PhD studies, the new tool steel for cutting 
tool bodies, called MCG 4M, has been developed in the close cooperation 
between AB Sandvik Coromant, which is the world-leading tool producer, and 
Uddeholms AB, which is the world-leading tool steel producer.  The new steel 
MCG 4M was specially designed to meet the tool producer demands to the 
next generation of cutting tool bodies. The name of the steel has been changed 
during the development process, therefore the MCG 4M appears under 
different designations such as HWX and MCG2006 in the enclosed papers.  
 
 
1.1 Historical context of cutting tool development 
 
Large improvements in cutting tool design and technology, including the 
application of advanced surface engineering treatments, have been achieved in 
the last decades. The major advancements in the tool performance were 
connected with the discovery of new cutting tool materials. Productivity could 
not be increased without discovering of high-speed steels (in 1900) and 
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cemented carbides (during the 1930s) tools, which replaced the carbon steels 
and allowed much higher metal removal rates. Later, a lot of work has been 
done in the improvement of the cemented carbide grades having higher 
toughness and cutting edge strength. There has been a continuous 
improvement in their manufacturing process and different surface treatments 
capable to prolong the cutting edge life.  Ceramics, cubic boron nitride and 
diamond have become widely used tool materials for high-speed machining of 
hard materials. 
An additional important factor in the tool improvement was the tool holder 
development. Solid tools made of carbon and high-speed steels were firstly 
replaced by the brazed tools during the 1930s when the cemented carbide had 
been developed [1]. The use of brazed cemented carbide tools continued over 
the 1940s and during the 1950s. The brazed tools were more expensive 
compared to the existing high-speed steel tools because a lot of grinding work 
was needed to provide appropriate cutting edge and geometry as well as 
suitability for brazing into the tool holder. Moreover, the brazing stresses and 
continual re-grinding had a negative influence on the tool life. 
In the middle of the 1950s, the development of mechanically held cemented 
carbide inserts for turning tools was the major step towards modern cutting 
tools. The brazing was eliminated, and the inserts were ground separately in a 
fixture for the special job needed. In the post-war industry growth, the 
production economy required reduction in the hand-work involving grinding 
and setting of tools. As a result, the indexable inserts were introduced when a 
worn insert was not re-ground but left for disposal and recycling, and a new 
insert was quickly and easily clamped with a turn of a key into the tool holder. 
Over the following decades, the indexable inserts were introduced into all metal 
cutting operations: milling, drilling, threading, etc. Their implementation made 
the additional demands on the tool holder: not only good support and retention 
but also dimensional accuracy and high degree of flatness which determine the 
appropriate cutting geometry and chip breaking. Historically, plain carbon steels 
were used as tool holder materials. 
Nowadays, there is still a growing challenge facing cutting tool manufacturers, 
tool users and those who provide surface engineering solutions to enhance tool 
performance. Over the past decades there has been a marked shift in workpiece 
material utilisation. More easily machinable materials such as cast steel, grey cast 
iron and low-alloyed steels have been replaced by those with enhanced material 
properties but which are more difficult to machine, such as tool steel, titanium 
and nickel-based alloys. Moreover, components are trending to be machined at 
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higher hardness, in dry condition, at high speed and leaving very little oversize 
material. Subsequently, the demand on the cutting tools in terms of 
performance, precision, quality and reliability has been increased.  
The modern tool holder or cutting tool body is a carefully designed and 
accurate component. It has a complex shape with flutes and insert pockets as 
well as small and deep holes for cooling channels, Figure 1.1. The cutting tool 
body has to stand severe working conditions and provide a secure and accurate 
insert positioning as well as its quick and easy handling.  
 

 

 
Figure 1.1. Modern indexable insert cutting tools for drilling and milling. 
 
 
1.2 Conditions and damages in cutting tool bodies 
 
There are many ways in which a cutting tool body can be damaged. Fatigue is 
probably the most common failure mechanism in cutting tool bodies, Figure 
1.2. Stresses acting on the tool are dynamic because of variations in the cutting 
process caused by the varying workpiece material condition as well as the 
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formation of built-up edges. Fatigue is very critical in the interrupted machining 
operations such as milling, when the rotating tools going in and out cutting 
engagement impose pulsating stresses, Figure 1.3. Fatigue cracks usually start in 
the critical radius located in the insert pocket and propagate along the insert 
pocket resulting in the tool failure. 
Supporting the insert, the tool holder can also be plastically deformed by the 
cutting forces acting on the cutting edge. In addition, the largest part of the 
work done to deform the material to form a chip is converted into heat. The 
heat generated at the tool/workpiece interface plays an important role in the 
tool performance as the tool softens at high temperatures and becomes more 
exposed to plastic deformation. Different publications [2-4] and internal 
investigation at Uddeholms AB show that the working temperatures of cutting 
tool bodies in the insert pocket can reach up to 600°C depending on the cutting 
conditions and material of the workpiece. The tool body life time is usually 
between 50 and 100 hours of operating time corresponding to 100-200 cutting 
edge changes.  
 

 
Figure 1.2. Fatigue failure of cutting tool bodies. 
 
Chip wear is another damage mechanism in tool bodies. During cutting, chips 
move away from the cutting area along the tool body flutes causing abrasive 
and adhesive wear. The wear of flutes can cause hindered chip transportation. 
Chip transportation is of special importance in drilling as chip stuck in flutes 
easily results in a drill failure. 
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Figure 1.3. Face milling. The tool rotates and goes in and out the cutting 
engagement with the workpiece during milling. 
 
 
1.3 Steel selection factors and limitations 
 
Steel selection for tool bodies is essential for the functionality and 
manufacturability of a tool. Analysing the common damage mechanisms and 
working conditions of cutting tool bodies, there are several important 
properties influencing the usability of the cutting tool bodies.  
First of all, the tool body steel requires an adequate level of fatigue strength to 
stand the dynamic stresses imposed during use. In addition, the steel needs high 
strength and hardness to stand the stresses and chip wear. Moreover, the steel 
should keep strength at higher temperatures and over the whole life time of the 
tool body, i.e. have high temper resistance and high hot hardness to avoid 
plastic deformation and wear in service. 
The detailed analysis of the cutting tool producer needs has led to the 
conclusion that machinability is also essential, as machining of the steel 
represents a large fraction of the production cost of a cutting tool, Figure 1.4. 
Its complex shape with flutes and insert pockets, thread holes and small and 
deep holes for cooling channels requires time-consuming and advanced 
machining operations. Moreover, because of demands on the dimensional 
accuracy, the cutting tool bodies are also preferred to be machined in the 
prehardened condition that makes the machining more difficult. 
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Figure 1.4. The component costs in % of total product cost for the typical 
indexable insert milling cutter produced in the prehardened condition. 
Machining accounts for 63% of the total cost. (Tool body material - low-alloyed 
tool steel, data from year 2008). 
 
 
1.4 Tool steel design 
 
Tool steel design problems usually involve conflicting, multiple criteria. Among 
the different ways of improving machinability, increasing sulphur content in 
steels is by far the most common. Sulphur forms manganese sulphides in steels 
that contribute to easier machining by chip embrittlement, tool protection and 
flow zone improvements [5, 6]. Unfortunately, the deleterious effect of 
inclusions on fatigue strength of steels is well-known. Additionally, inserts 
pockets of cutting tool bodies are rough machined with complicated geometry 
and small radii, which cause large stress concentrators. The combined effect of 
inclusions, surface condition and geometrical stress concentrator is not 
adequately studied, as the effect of inclusion content on fatigue strength is 
usually evaluated on smooth polished specimens. 
Another example of improvement is the positive well-known effect of surface 
compressive residual stress on fatigue strength [7-9]. However, residual stresses 
tend to relieve at elevated temperatures and dynamic loads [10]. The studies 
show that there is relatively few literature available concerning the mechanisms 
of stress relaxation in different steel grades and methods of its improving. 
Furthermore, as the high-temperature properties are of vital importance in 
cutting tool applications, tool steel with pronounced temper resistance and 
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microstructure stability is needed. Secondary hardening steels such as hot-work 
steels are commonly used for tools subjected to thermal exposure [11]. 
However, these high-alloyed steels are generally difficult to machine because 
they cause a high wear rate of cutting tools [5]. 
The problem of improving the tool body material is not adequately studied. 
The internal investigation of different milling cutters at Uddeholms AB showed 
that low-alloyed steels are still mostly used in milling cutter bodies. The steel 
grades like SS2541 (Swedish Standard) or AISI P20+Ni are the most common 
for this application. To meet the modern demands on the tool performance in 
terms of fatigue and wear resistance, nitriding and shot peening are widely used 
in tool body manufacture. Only some tool producers have chosen higher-
alloyed steels as the hot-work tool steel THG2000 (AISI H13 modified) but 
experienced difficulties in its machining.  
 
 
1.5 The aim and contents of the thesis 
 
This thesis mainly aims to improve the cutting tool performance by use of steel 
grades for tool bodies with an optimized combination of: 

 fatigue strength,  
 stress relaxation resistance,  
 high-temperature properties and  
 machinability.  

The thesis addresses the advantages and limitations of using the high-alloyed 
tool steels in tool body application.  
Microstructure characterization of the steels commonly used for cutting tool 
bodies and a newly-developed steel was taken into consideration in the first part 
of the thesis (Papers I, III, V and VI). Then, the important properties for the 
cutting tool body performance mentioned above were investigated in the 
proceeding parts. 
Firstly, the fatigue strength of cutting tool bodies was investigated. Knowing 
the positive effect of sulphur on machinability of steels, the first step was to 
indentify a certain limit of sulphur addition, which is allowable without reducing 
the fatigue strength of cutting tool bodies below an acceptable level. Effect of 
inclusions on the fatigue life of the tool steel was studied in both smooth 
specimens and in tool bodies containing a milled critical stress concentrator 
(Paper I). Then, the influence of compressive residual stresses and thermal 
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stress relaxation of different steels on the fatigue life of tool bodies was 
determined (Paper II).   
As the fatigue performance of the tools to a large extent depended on the stress 
relaxation resistance at elevated temperature use, the next step in this research 
was to investigate the thermally activated recovery mechanisms of tool body 
materials. Residual stresses induced by shot peening and their response to 
mechanical and thermal loading as well as the material substructures and their 
dislocation characteristics were studied using X-ray diffraction (Papers II and 
III). Simulation and modelling of the relaxation behaviour are of importance to 
optimize the design and material selection for cutting tool bodies. The Zener-
Wert-Avrami function was used to model the relaxation behaviour of the steels 
for the determination of the stress relaxation activation energies and stress 
relaxation mechanisms (Paper IV). An alternative method to illustrate the stress 
relaxation behaviour in the steels was proposed using the time-temperature 
Larson-Miller parameter (Paper IV). 
The next step involved the evaluation of the microstructural and high-
temperature properties of the steels for tool bodies. Carbide morphology and 
precipitation were determined using scanning and transmission electron 
microscopy after high-temperature hold times and isothermal fatigue of the 
steels (Paper V). 
Finally, machinability of the new-developed steel MCG 4M was studied in 
prehardened condition in milling and drilling operations as they are the critical 
operations in tool body making. Machinability with varying nickel content from 
1 to 5 wt% was characterized by evaluating tool life, cutting forces and 
tool/chip interface temperature. The possibility of machinability improvement 
by adding nickel was shown and discussed in terms of its influence on 
microstructure and mechanical properties of the steel (Paper VI). 
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2       Materials 
 
2.1 Tool steels 
 
Tool steels are used for tools, dies, and moulds that shape, form, and cut other 
materials. Tools perform such operations as forging, cold work, die casting, 
machining, etc. Because of their special properties, tool steels are also employed 
for structural parts as machine elements, shafts, bearing, gears, etc., in 
demanding environments as high loads, wear and high temperatures. Within 
tool steels, there are various classifications, which can be based on alloying, 
application or heat-treatment. According to the AISI classification system, tool 
steels are arranged into nine main groups: water-hardening tool steels (W), 
shock-resisting tool steels (S), oil-hardening tool steels (O), air-hardening tool 
steels (A), high-carbon high-chromium tool steels (D), mould steels (M), hot-
work tool steels (H), tungsten and molybdenum high-speed tool steels (T and 
M) [11].  
Tool steels can be produced by conventional steel making and powder 
metallurgy. Uddeholms AB operates with the use of scrap metal, which is 
melted in an electric arc furnace and treated, if necessary, for phosphorous and 
carbon. The molten steel, having a temperature of ∼1670°C, is tapped and 
transferred to the ladle furnace station, where it is deslagged. After deslagging, 
aluminium wire is introduced for deoxidation and various alloys are added, 
which depend on the specification of the steel grade. At the same time, alumet, 
lime and dolomet are added to form a new top slag. The ladle is stirred by 
induction to ensure homogeneity. Once the alloys dissolved and the appropriate 
steel composition attained, the ladle is then transferred to a degassing station, 
where it is placed in a vacuum chamber and stirred by argon gas to eliminate 
nitrogen and hydrogen from the melt. Subsequently, the ladle is again stirred by 
induction to promote the growth and separation of inclusions from the steel 
into the slag. It is finally transferred to the casting station for up-hill casting.  
The segregation of alloying elements after casting evens out by the 
homogenization heat treatment and forging. The steels requiring extra 
cleanness and uniformity are electro-slag remelted. Then, the material is hot-
forged and/or hot-rolled to final dimensions. The final step of manufacturing is 
soft annealing, when the steel’s microstructure softens, primary for the 
machining stages of manufacture. Additionally, the steel becomes homogenous 
regarding the carbides and alloying elements for subsequent hardening 
treatment.  
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In high-alloyed tool steels, as high-speed steels, there is a great risk for 
segregation of alloying elements, and the powder metallurgy is the process to be 
used. Firstly, as in the conventional steel making, scrap is melted and the steel 
chemical composition is adjusted. Instead of casting, the steel is then sprayed 
out into droplets, which solidify on the way down in the argon-filled container. 
The steel powder is collected in a cylinder of low-carbon steel, which is then 
submitted to hot isostatic pressing for consolidation. After that, billets are hot-
worked to final dimensions and soft annealed. 
Tool steel heat treatment to working hardness involves austenitizing, quenching 
for martensite formation, and tempering. The goal of this processing is to 
produce a microstructure of tempered martensite with dispersed alloying 
element carbides. 
 
 
2.2 Tool steels for tool body application 
 
Historically, plain carbon steels were used as tool body materials [1]. Because of 
the lowest alloy content, the hardenability of these steels is low, and water-
quenching is required to form martensitic structure. Only iron carbides are 
produced during the subsequent tempering and the steels soften rapidly at 
elevated temperatures. 
Nowadays, low-alloy tool steels are commonly used for this application. They 
usually contain 0.35-0.45 wt% carbon, up to 1.5 wt% chromium and nickel, up 
to 1 wt% manganese. The alloying is sufficient to provide hardening by oil-
quenching. However, the resistance to softening during tempering is relatively 
low, comparable to that of plain carbon steels. 
With increasing demands on the tool performance in terms of high-temperature 
strength and wear resistance, some tool producers have started to use 
chromium hot-work tool steels as the tool body material. They use the AISI 
type H steels, which contain nominally 5 wt% chromium and significant 
amount of other elements including silicon, molybdenum and vanadium. 
Alloying provides air-hardening capability and high hardenability. The 
chromium hot-work tool steels have good resistance to softening during 
tempering. Secondary hardening or precipitation of alloy carbides at high-
temperature 500-600°C tempering has the important function of increasing the 
hardness and retarding the softening. The peak hardness increases with 
increasing alloy content and depends on the balance of primary carbides, 
retained austenite and the composition of martensite in the as-quenched 
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condition [12]. The type of secondary carbides is sensitive to the specific 
alloying elements present in the steel. In tool steels containing chromium, the 
sequence of precipitation with increasing tempering is M3C, followed by M7C3, 
then M23C6. In molybdenum-containing steels, the sequence is M3C, followed 
by M2C, then M6C. In vanadium-alloyed steels, M3C is followed by MC [13]. 
Multiple alloying can change the sequence of carbide precipitation. The hot-
work tool steels are usually tempered twice in order to transform the retained 
austenite to martensite during cooling from the first tempering, and to temper 
this newly-formed martensite in the second tempering step. 
Tool steels for tool bodies are usually produced by conventional steel making 
and hardened and tempered to the working hardness of 43-45 HRC. Hardening 
is obtained by austenitizing the material at above upper transformation 
temperature Ac3 (850-1030ºC depending on the steel grade), holding for a time 
for achieving the fully austenitic structure and fast cooling in an appropriate 
quenching medium for martensite formation. Martensite is hard and brittle, and 
a tempering treatment is required to reduce the hardness and increase its 
ductility. The tempering time and temperature depends on the required 
hardness and the steel grade. Low-alloyed steels are usually tempered once at 
about 400ºC for 1 hour, while the hot-work tool steels require double-
tempering at temperatures about 600ºC for 2 hours achieving 43-45 HRC. 
 
 
2.3 Tool steels used in this study 
 
Four different types of tool steel were tested in this study, which chemical 
compositions are listed in Table 1. The first one was the most commonly used 
for tool body application SS2541 (Swedish Standard) or the AISI P20+Ni. 
THG2000 (Uddeholm designation) was the other tool body steel chosen for the 
studies, which was the chromium hot-work tool steel AISI H13 modified for 
improved machinability. QRO90 (Uddeholm designation) was the special low-
chromium hot-work tool steel with very high elevated-temperature strength, 
included as a reference for comparison when testing the high-temperature 
properties. Finally, MCG 4M (Uddeholm designation, called HWX in Paper II 
and MCG2006 in Papers III and V) was the hot-work tool steel, newly-
developed within the project for tool bodies, with leaner balance of carbide 
alloying elements and added nickel for improved machinability and long-term 
high-temperature properties. The sulphur content in the MCG 4M was max 
0.03 wt% as in the two others tool body steels.  
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Table 2.1. Chemical composition of the steels, wt %. 

Steel grade C Si Mn Cr Ni Mo V 

SS2541 0.37 0.3 0.70 1.4 1.40 0.2 0.06 

THG2000 0.39 0.9 0.40 5.3 0.15 1.2 0.90 

MCG 4M 0.30 0.3 1.20 2.3 4.00 0.8 0.80 

QRO90 0.38 0.3 0.75 2.6 0.15 2.3 0.90 

 
In Paper I the THG2000 tool steel of varying cleanliness was studied using 
experimental melts A-F with intentional addition of sulphur and oxygen, Table 
2.2. In Paper VI influence of nickel on machinability was studied in the MCG 
4M experimental melts of varying nickel content from 1 to 5 wt% (Ni1, Ni2, 
Ni3 and Ni5). The melts were produced in an induction melting furnace and 
cast in 50 kg ingots, forged to flat specimens of 30x50x300 mm and round bars 
of ∅40 mm and soft annealed. The THG2000 was heated up to 850ºC, cooled 
in furnace with 10°C/h to 650°C and then cooled in air. The MCG 4M was 
soft annealed at 650°C for 12 hours, cooled in furnace with 10°C/h to 500°C 
and then cooled in air.  
 
 Table 2.2. Sulphur and oxygen contents of the THG2000 experimental melts 
(Paper I). 

 A B C D E F 
S, wt % 0.007 0.023 0.051 0.074 0.090 0.170 
O, ppm 5 28 48 62 56 55 

 
It should be noted that the THG2000, MCG 4M and QRO90 are secondary 
hardening steels, which undergo hardness increase associated with the 
precipitation of alloy carbides in tempered martensite at high tempering 
temperatures. The THG2000 has a pronounced secondary hardening peak at 
500°C, while for the MCG 4M and QRO90 the peak is shifted towards higher 
tempering temperatures of 525-550°C, Figure 2.1. It may be concerned with 
two phenomena. The first one is the lower silicon content in the MCG 4M and 
QRO90 than in the THG2000. Silicon has been reported to retard the 
cementite dissolution, so that less carbon is available to form alloy carbides at 
higher tempering temperatures [14]. Other researchers have investigated that 
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the lower chromium content (as in the QRO90 and MCG 4M) and greater 
amount of molybdenum (as in the QRO90) stabilize the MC and M2C carbides 
over higher temperature range and delay their transformation to M23C6 [15, 16]. 
The low-alloyed SS2541 undergoes continuous hardness decrease with 
increasing tempering temperature, Figure 2.1. 
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Figure 2.1. Hardness of the steels, austenitized 30 min at 
1020ºC/1030ºC/850ºC (THG2000 and MCG 4M/QRO90/SS2541), air 
quenched and tempered twice for 2 hours (once for 1 hour for SS2541) at 
different temperatures. 
 
All the steels were investigated and tested in austenitized, quenched and 
tempered conditions. The heat treatment of the steels was performed in a 
vacuum furnace according to the conditions presented in Table 2.3. The test 
specimens were produced from 25 mm diameter round bars. 
. 
 Table 2.3. Heat treatment conditions of the tested materials. 

Steel  Austenitizing Quenching Tempering Hardness 

SS2541 850°C/60 min 450°C/1h 435±10 HV
THG2000  1020°C/30 min 600°C/2x2h 435±10 HV
MCG 4M 1020°C/30 min 600°C/2x2h 435±10 HV
QRO90 1030ºC/30 min 

in circulating 
air, 

100 s cool 
down from 

800 to 500°C 
625ºC/2x2h 435±10 HV

 
Shot peening was performed according to the following conditions: pressure 4 
bar, shot direction angle 90°, nozzle distance from surface 75±5 mm, peening 
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intensity 15±2A (Almen A) with a 100% coverage. The shot peening media 
used was super conditioned cut wire with diameter of 0.35 mm and hardness of 
700 HV. The tool bodies and fatigue test specimens were rotated at 37 rpm, the 
later were additionally moved 2 mm up and down. 
Plasma nitriding of the THG2000 was performed at 480°C for a total time of 
30 h in cracked ammonia atmosphere without any preoxidation. Plasma 
nitriding produced a nitrided surface layer of 130 µm with a hardness of 850 
HV0.2. 
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3       Experimental methods 
 
3.1 Microstructure characterization methods and mechanical property 

tests (Papers I, V, VI) 
 
Microstructure of the steels was studied using light optical microscopy (LOM), 
scanning electron microscopy (SEM) and transmission electron microscopy 
(TEM). For the LOM and SEM investigations, the specimens were ground, 
polished to 1 µm diamond finishing and etched for 10 s in 2% nital. The TEM 
examination was performed on carbon extraction replicas and on thin foils 
prepared according to [17]. 
Characterization of sulphide and oxide inclusions was made using LOM with 
the automatic image processing according to the Swedish standard SS111116. 
The area investigated was about 100 mm2 using 200 different fields examined at 
the magnification of 200×. The inclusion size was characterized by their 
thickness measured in the radial direction of the bar. 
The investigations of the microstructures by SEM and TEM provided the 
information on types and morphology of primary and secondary carbides in the 
steels.  
The SEM back-scatter mode examination was accomplished to visualize the 
primary carbides, which were the undissolved carbides from the primary 
metallurgical process that survived the austenitization and quenching 
procedures. The atomic number contrast makes the primary carbides easy to 
distinguish. Carbides, containing elements with higher atomic number than the 
matrix, appear as white areas (e.g. molybdenum- and tungsten-rich carbides), 
while black/grey areas are carbides, containing elements that back-scatter fewer 
electrons compared to the matrix (e.g. vanadium- and chromium-rich carbides). 
The chemical composition of the carbides was determined by energy dispersive 
X-ray spectroscopy (EDX) in SEM. The amount of primary carbides in the 
steels was evaluated by Thermo Calc calculations and verified by SEM image 
analysis.  
The TEM examination was performed by bright and dark field imaging using a 
FEI Tecnai G2 120 kV TEM with a LaB6 electron source. In order to avoid 
matrix interference, the carbon extraction replicas were used to determine the 
chemical composition of the carbides by EDX in TEM. The diffraction analysis 
was also used on the carbon extraction replicas to indentify the primary 
carbides and the larger M3C secondary carbides. The thin foils were used to 
study the type and morphology of the secondary carbide precipitates in the 

 25



steels and their crystallographic orientation relationship to the matrix. The dark 
field imaging technique was used to see the small MC and M2C secondary 
carbides precipitated during tempering in the steel matrix as they are difficult to 
see in bright field imaging. In the dark field imaging technique, only the 
electrons elastically scattered by the precipitates are allowed to pass the 
objective aperture and form the image. The precipitates were visualized using 
[200] and [2 11 0] reflections for MC and M2C reflections, respectively, in the 
(011) zone axis of the matrix, Figure 3.1.  
 

 
a b 

Figure 3.1. (a) Diffraction pattern of the (011) direction of the matrix together 
with the marked positions of MC [200] (Pos.1) and M2C [2 11 0] (Pos. 2) 
precipitate reflections in the dark field imaging, the THG2000 is in an 
austenitized, quenched and tempered condition; (b) the schematic diffraction 
pattern taken from [18]. 
 
Tensile tests were done according to EN 10002-1:2001 standard using a Zwick 
Z250/SW5A machine with a maximum load of 250 kN. Three tests were 
performed for each material at room temperature and 500ºC. 
A NETZSCH LFA 457 Laser Flash equipment and a dilatometer were used for 
thermal conductivity measurements. The testes were done in argon gas in the 
temperature range from 50°C to 600°C.  
 
 
3.2 Bending fatigue test (Papers I and II) 
 
Bending fatigue tests of specially designed tool components, Figure 3.2, were 
performed at room temperature using an Amsler 2 HFP 421 pulsator, running 
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with 80 Hz load frequency and 60 MPa preloading. The tool body shape was 
close to the real milling cutter body; the tool body contained three milled insert 
pockets and a critical radius of fatigue failure was 1 mm, Figure 3.2a. A load 
was applied at the tool tip, Figure 3.2b, with the shaft of the tool body rigidly 
fastened. The applied local stress in the tool critical radius was calculated using 
the finite element method and a three dimensional solid model of the tool 
component. In the model a Young’s modulus and a Poisson’s ratio were 
210 GPa and 0.3, respectively. The fatigue test results of the tool bodies were 
evaluated according to two methods. The fatigue strength was evaluated using a 
standard procedure of the stair case method with 50% probability of survival 
[19] at a fatigue life of 2·106 cycles and 15 test pieces per test variant. For 
assessment of the lower life range, the fatigue tests were carried out on two 
stress levels, the minimum number of test pieces was not less than six per stress 
level. The scatter in life range on one stress level was determined by taking as a 
basis the normal Gaussian distribution in the Gaussian probability net [19]. The 
prediction reliability for the probabilities of failure was chosen to be 50%. 
Smooth bending fatigue specimens, Figure 3.3, were prepared from the shafts 
of the fatigue tested tool components. The specimens were designed to fail at 
the 8 mm transition radius fine ground along the shaft with emery paper (1200 
mesh) as final operation. Local stresses in the smooth specimens were 
calculated using stress concentration factor k=1.15 to multiply the nominal 
stresses [20]. The fatigue strength at 2·106 load cycles was evaluated using the 
stair case method and 10 specimens per test variant.  
 

a b 
Figure 3.2. (a) The tested tool bodies. Length - 110 mm, diameter of the top - 
19 mm, (b) Loading of the tool bodies, circular mark shows the crack initiation 
site, the critical radius in the pocket is 1 mm. 
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a b 
Figure 3.3. The smooth bending fatigue specimen, (a) geometry, (b) loading. 
 
 
3.3 Stress relieving tests and evaluation of residual stresses and 

dislocation characteristics (Papers II, III and IV) 
 
Annealing heat treatments were performed on the shot-peened specimens 
∅25x10 mm at different temperatures between 200 and 600°C for different 
times between 0.5 and 50 hours. 
The X-ray diffraction (XRD) analysis, including determination of surface stress 
and depth distribution, was performed using Cr-Kα radiation on the (211) 
martensite/ferrite planes in the Seifert XRD 3000 PTS X-ray diffractometer, 
operating at 40 kV and 35 mA. The stresses were evaluated using the sin2ψ-
method applying a Young’s modulus of 214 GPa and a Poisson’s ration of 0.3. 
Corrections in the stress profile measurements for material removal, using 
electrolytic polishing, were made according to [21]. 
The X-ray line broadening analysis was used for the investigation of 
microstrains and domain size, which arose from the distortion in the material 
microstructure. The microstrain value <ε2>1/2 is defined as the variation of 
lattice strain averaged over a crystal distance. It is mainly caused by dislocation 
stress fields, but there is some influence of solute alloying atoms and of 
coherent carbide precipitates as well. Domain size D is the coherently 
diffracting crystal region, which boundaries consist of dislocation formations. 
Domain size can also be influenced by the number of interfaces in the steels. 
XRD line broadening analysis was accomplished by the Autoquan software, 
version 2.6.0.0, based on a Fourier analysis of a pseudo-Voigt fit to the XRD 
curve (pure iron was used as a reference state). Separation of the size and strain 
contributions to the line broadening was made by deconvolution of their 
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intensity distributions (simple and squared Lorentzian, respectively). 
Dislocation density was estimated by the relationship [22, 23]: 

     
Db

2/1232 〉〈
⋅

⋅
=

ερ                                       (3.1) 

where b is the Burger’s vector of dislocations. For simplicity, the dislocation 
density is expressed as a proportional value, using only the ratio between the 
microstrain and domain size. 
 
 
3.4 High-temperature property tests (Papers II and V) 
 
The hot hardness test was carried out using the Cohen High-Temperature 
Micro-Hardness Tester, adopting the micro-Vickers method with the standard 
E92–82 (1997). It consisted of a high-temperature microscope, a weight loading 
unit and a heating chamber connected to a vacuum pump, which permitted 
heating without heavy oxidation. The hot hardness value was determined by 
measuring the indentation produced by pressing a square-based diamond 
pyramid with the 300 gram load against the surface of the cylindrical specimens 
∅11×30 mm hold 15 min at elevated temperatures between 100 and 700ºC.  
Determining the steel temper resistance, the Rockwell C hardness 
measurements were performed using a hardness tester Leco R-260 on the small 
samples 10×10×30 mm annealed at temperatures between 500 and 650°C for 
times between 1 and 100 hours. 
Isothermal high-temperature fatigue (ITF) tests were carried out in air using a 
100 kN servo hydraulic INSTRON testing machine in push-pull type load 
mode. Symmetrical loading was performed in strain control (±0.5%) at both 
450 and 550°C. The tests had a sinusoidal strain wave shape, 0.5 Hz cycle 
frequency and a tensile start direction. Cylindrical test specimens with 6.5 and 
20 mm waist diameter and length, respectively, were produced from ∅25 mm 
round bars by turning in the prehardened condition. The fatigue tests were run 
to failure at approximately 1500-3000 load cycles, corresponding to 
approximately 1-2 hours test time. 

 
 

3.5 Machinability tests (Paper VI) 
 
The end milling and drilling machinability tests were carried out on the 
MODIG 7000 machine. The cutting conditions of the tests are presented in 
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Table 3.1. For monitoring of cutting forces when end milling and drilling, the 
workpieces were mounted on the Kistler three and two component 
piezoelectric dynamometer platforms, respectively. Data acquisition and 
processing were done using an amplifier and the Lab View hard- and software. 
The end milling operation involved the flank wear measurements after each 
7200 mm milled length (25 passes of the 290 mm length of the workpiece) 
using LOM. Flank wear was measured on each of three teeth of the milling 
cutter and an average value was calculated. The drilling operation involved 5 
drilling trials at the same cutting speed until drill failure and an average number 
of the drilled holes was calculated. 
SEM analysis was used for the wear mechanism investigations of the milling 
cutters and drills. EDX mapping of W and Fe was used to visualize the tool 
wear and adhered work material, respectively, on the rake and clearance faces of 
the milling cutters. 
 
Table 3.1. Cutting conditions of the machinability tests. 
 End milling Drilling 
Cutting tool Solid cemented carbide end 

milling cutter ∅5 mm GC1630 
with TiAlN coating 

High speed steel drill 
∅2 mm uncoated  

Cutting speed 100 m/min 17, 19 and 21 m/min
Feed 0.05 mm/tooth 0.05 mm/rev 
Axial depth of cut 4 mm 5 mm 
Radial depth of cut 2 mm  
Coolant Air Emulsion 
Wear criteria  Max flank wear 0.15 mm Drill failure 

 
The investigations of chips collected during milling involved (i) microhardness 
HV0.001 measurements using the microhardness tester Future Tech FM on the 
metallographic cross-sections of the chips collected during 1000 mm milling the 
tested materials with a sharp tool and (ii) SEM analysis of the microstructural 
alterations on the chip surface, which was in contact with the rake face of the 
tool. The investigations of the milled surfaces involved the residual stress 
analysis by XRD of the milled surfaces in feed direction.  
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4       Microstructure and mechanical properties 
 
Microstructure of steels depends on alloying and processing conditions and 
determines to a large extent the steel properties and steel performance under 
specific service conditions.  This chapter describes microstructure of the tool 
body hardened and tempered to the working hardness of 44±1 HRC and the 
influence of some alloying elements on the steel microstructure, distribution of 
inclusions and mechanical properties.  
 
4.1 Production ingots (Paper V) 
 
Microstructure of all the tested steel grades in austenitized, quenched and 
tempered conditions consisted of thin martensite laths with dispersed carbides. 
The SEM and TEM investigations revealed primary carbides that survived the 
austenitizing and quenching procedures. In the THG2000 and QRO90, they 
were spherical vanadium-rich MC carbides, molybdenum-rich M6C carbides 
and chromium-rich M7C3 carbides, Figure 4.1a. The MCG 4M is alloyed with 
nickel, which lowers the AC1 transformation temperature, whereas the 
austenitizing temperature was the same for the MCG 4M and THG2000. 
Therefore, more primary carbides were dissolved during austenitization in the 
MCG 4M, it contained just some amount of vanadium-rich MC and 
molybdenum-rich M6C carbides, Figure 4.1b.  
 

a b 
Figure 4.1. Morphology of primary carbides in SEM back-scatter mode 
showing (a) vanadium-rich MC, molybdenum-rich M6C and chromium-rich 
M7C3 carbides in the THG2000, (b) MC and M6C carbides in the MCG 4M in 
austenitized, quenched and tempered condition. 
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Elliptical-shaped iron-rich M3C secondary carbides were observed by the TEM 
investigations of the carbon extraction replicas in all the tested steel grades after 
austenitizing, quenching and tempering, Figure 4.2. The EDS analysis revealed 
that the metallic element composition of M3C precipitates differed for the 
tested steels. M3C precipitates contained 3 wt% V, 7 wt% Mo, 40 wt% Cr in the 
THG2000, 3 wt% V, 2 wt% Mo, 22 wt% Cr in the MCG 4M and 3 wt% V, 7 
wt% Mo, 22 wt% Cr in the QRO90. 
 

 
Figure 4.2. Bright field TEM replica image showing a large number of the 
elliptical-shaped M3C secondary carbides. 
 
No significant difference in size and morphology of the MC and M2C 
secondary carbides was observed between the THG2000 and QRO90. TEM 
investigations of thin foils revealed that MC and M2C type carbides were 2-7 
nm and 1-3 nm, respectively, in both steels, Figures 4.3a and b. Nickel is not a 
carbide-forming element, and, consequently, the same type of precipitates was 
found in the MCG 4M.  The MCG 4M contained lower amount of MC type 
secondary carbides, which were 3-4 nm in size, as it was lower alloyed with the 
carbide forming elements as vanadium, molybdenum and chromium than the 
other test materials, Figure 4.3c.  
The types of carbides found in the steels in austenitized, quenched and 
tempered condition are summarized in Table 4.1. 
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a b 

 
c 

Figure 4.3. Dark field TEM imaging of thin foils showing (a) MC, (b) M2C 
type precipitates in the THG2000 and (c) MC precipitates in the MCG 4M. 
 
 
Table 4.1. Carbides found in the THG2000, MCG 4M and QRO90 after 
austenitizing, quenching and tempering to 44±1 HRC. Cross indicates that this 
type of carbide is present. 
 Primary carbides Secondary carbides 

 MC M6C M7C3 MC M2C M3C M7C3, 
M23C6 

 
THG2000 

 
x 

 
x 

 
x 

 
 2-7 nm 

 
1-3 nm

 
x 

MCG 4M x x  3-4 nm, 
few 

 x 

QRO90 x x x 2-6 nm 1-3 nm x N
ot

 in
ve

st
ig

at
ed
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Tensile properties of the steels in the longitudinal direction at room 
temperature are presented in Table 4.2. 
 
Table 4.2. Room-temperature tensile properties of the steels hardened and 
tempered to 44±1 HRC. 
Steel 0.2% Yield 

strength, 
MPa 

Ultimate 
strength, 

MPa 

Elongation 
A5, % 

Area 
reduction, % 

SS2541 1310 1450 9 46 
THG2000 1280 1420 12 52 
MCG 4M 1230 1440 12 52 
QRO90 1270 1420 11 46 

 
 
4.2 Inclusion characterization of experimental ingots of varying 

sulphur content (Paper I) 
 
In the THG2000 experimental ingots the microstructure of the finished 
samples consisted of tempered martensite, dispersed carbides and depending on 
steel cleanliness some inclusions, Figure 4.4. An increasing amount of 
inclusions was clearly observed as S- and O-content increased, Figures 4.4a and 
b. The quantative evaluation of sulphide inclusions differentiated these all steels 
in the right order according to their sulphur contents, Figure 4.5a. Steel A was 
also the cleanest from oxide inclusions following by steel C and the quantity of 
oxides in the other steels was similar, Figure 4.5b. 
 

a b 
Figure 4.4. Microstructures after heat treatment. (a) steel A 0.007 wt% S, (b) 
steel F 0.17 wt% S with manganese sulphides marked. 
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Figure 4.5. Number of (a) sulphides and (b) oxides per mm2 larger than the 
inclusion thickness D in the experimental ingots THG2000 A -F of varying S-
content (A 0.007 wt% S, B 0.023 wt% S, C 0.051 wt% S, D 0.074 wt% S, E 
0.090 wt% S, F 0.17 wt% S).  
 
 
4.3 Influence of nickel on microstructure and mechanical properties 

(Paper VI) 
 
The LOM and SEM investigations revealed that microstructure of the steel 
grades of varying nickel content (Ni1 1 wt% Ni, Ni2 2 wt% Ni, Ni3 3 wt% Ni, 
Ni5 5 wt% Ni) in austenitized, quenched and tempered condition consisted of 
lath martensite with dispersed carbides. The prior austenite grains were coarser 
in the steel grades with lower nickel content; they were about 52, 48, 40 and 35 
µm for the steel Ni1, Ni2, Ni3 and Ni5, respectively. The primary carbides 
found in the tested steels were spherical vanadium-rich carbides. They were 
more homogeneously dispersed in the steel grades with higher nickel content, 
Figure 4.6. The amount of primary carbides in the steels evaluated by Thermo 
Calc calculations and SEM image analysis are listed in Table 4.3. The 
calculations indicated that the amount of primary carbides in the steels Ni3 and 
Ni5 was slightly higher than in the Ni1 and Ni2. 
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a b 
Figure 4.6. Primary carbides in SEM back-scatter mode showing vanadium-
rich carbides in the steel (a) Ni1 and (b) Ni5 in austenitized, quenched and 
tempered condition. 
 
Nickel is an austenite-stabilizing element, which depresses the alpha-gamma 
transformation temperature and extends the size of the austenite phase field 
[11]. In the present study, according to the dilatometer measurements, an 
increase in nickel content from 1 to 5 wt% decreased the transformation 
temperature considerably from 720 to 640ºC, Table 4.3. 
 
Table 4.3. The AC1 temperatures, carbon content in austenite at 1020ºC and 
amount of primary carbides evaluated by different techniques. 

The amount of primary V-
rich carbides, wt% 

Desig-
nation 

AC1 
temp., 
°C 

C-content 
in γ at 

1020ºC, 
wt% 

C-
content, 

wt% SEM image 
analysis 

Thermo 
Calc 

Ni1 720 0.245 0.29 0.38 0.54 
Ni2 700 0.240 0.28 0.41 0.49 
Ni3 670 0.239 0.29 1.02 0.61 
Ni5 640 0.249 0.31 1.05 0.70 

 
Nickel, as other alloying elements, is reported to increase the strength of 
martensite by the substitutional solid solution strengthening [12] and by Ms 
temperature depression allowing less overaging of carbides during auto-
tempering [16]. Here, the opposite effect was observed, the tensile strength of 
the steel both at room and elevated temperatures was reduced when the steel 
became more alloyed with nickel, Table 4.4. 
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Table 4.4. The tensile properties of the steels at room and 500°C temperatures. 
At room temperature At 500°C Desig-

nation 0.2% Yield 
strength, MPa 

Ultimate 
strength, MPa

0.2% Yield 
strength, MPa

Ultimate 
strength, MPa

Ni1 1345 1463 924 1093 
Ni2 1315 1451 886 1050 
Ni3 1302 1449 845 1035 
Ni5 1230 1437 819 1006 

 
The strength of martensitic steels is mainly depending on the carbon content in 
the martensite, and martensite inherits the alloy content of the parent austenite 
[11, 12]. In this study, all the tested steels were austenitized at 1020ºC for 30 
minutes. The Thermo Calc equilibrium calculations of the steels at 1020ºC 
showed that nickel reduced the carbon content of the austenite, Table 4.3. The 
higher carbon content in the Ni5 was due to the slightly higher carbon content 
in the Ni5 chemical composition, Table 4.3. Moreover, nickel is also reported 
to reduce the activity of carbon in austenite retarding the transformation 
kinetics [24, 25]. Thus, the 30 min austenitizing time was probably insufficient 
for the dissolution of carbides present prior to austenitizing.  As a result, the 
martensite in the higher nickel containing steels inherited less carbon from 
austenite as well as the higher volume fraction and finer distribution of carbides 
present in the steel microstructure after quenching, Figure 4.6. The reduced 
austenite grain size could also be explained by the depressed transformation 
kinetics in the nickel-rich steels and by the fine dispersed carbide particles 
acting as obstacles for grain growth. 
The higher volume fraction and finer distribution of hard primary carbides as 
well as reduced grain size are usually beneficial for higher strength of the steel 
[16, 26]. In this case, these microstructure features did not result in strength 
improvement, while the less carbon content in the martensitic structure played 
the major role in the material strength reduction. 
The differences between the yield and ultimate strength increased from the Ni1 
to Ni5 steels indicating that nickel increased the ductility of the steel. The 
ductility of the steel, enhanced by the nickel addition, was promoted by the 
lower strength of the matrix martensite, well dispersed carbides and finer grain 
size [16, 26, 27].  
Nickel, as other alloying elements, reduced the thermal conductivity of the 
steels [28], Figure 4.7. Flow of free electrons represents the dominant heat 
conduction mechanism in metals. Alloying a metal, the electrons become 
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scattered by solute atoms and, as a consequence, an ability of electrons to carry 
the heat decreases [28]. The difference in thermal conductivity between the 
steels decreased with temperature becoming insignificant at 600ºC, Figure 4.7, 
as the lattice contribution to the overall heat conductivity increased with 
temperature becoming a significant heat conduction mechanism [28]. 
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Figure 4.7. Thermal conductivity of the tested steels at different temperatures. 
 
 
 
 
 

 38 



5       Fatigue of cutting tool bodies 
 
As outlined in the introduction chapter, fatigue strength is of vital importance 
for cutting tool bodies due to the variable stresses imposed during use. Fatigue 
strength is influenced by such factors as material strength and microstructure, 
non-metallic inclusions, surface conditions including surface roughness and 
residual stresses, tool geometry and working temperature. Standard fatigue tests 
of materials involve the fatigue strength evaluation of smooth polished 
specimens. Cutting tools have the complicated geometry with small radii, 
creating large stress concentrators. In addition to this, there is the effect of the 
machining itself, as of surface roughness and surface residual stress. Finally, 
steels for cutting tool bodies usually contain some amount of inclusions to 
improve machinability. The combined effect of inclusions, surface condition 
and geometrical stress concentrators is not adequately studied and this chapter 
is devoted to understand the main parameters affecting the fatigue strength of 
cutting tool bodies. 
 
 
5.1 Fatigue strength of tool bodies and smooth specimens of varying 

sulphur content (Paper I) 
 
The aim of this part was to investigate the combined effect of inclusions, 
surface condition and geometrical stress concentrators on the fatigue life of the 
tool steel in both smooth specimens and in tool bodies containing a milled 
critical stress concentrator. In the present work, bending fatigue testing was 
performed with the THG2000 of varying additions of sulphur.  
In case of the tool bodies, the fatigue life as well as the fatigue strength were 
rather similar in the steels B-D containing 0.02-0.09 wt% S, Figures 5.1 and 5.2. 
Longer fatigue life and higher fatigue strength were displayed for the steel A 
with lowest sulphur and oxygen contents, Figure 5.1. In case of the smooth 
specimens, the difference in fatigue strength was much larger than in the tool 
bodies, Figure 5.2. The fatigue strengths for the steels E and F were not 
estimated for lack of specimens, but, as all specimens were broken at the stress 
level of 1000 MPa, supposed to be lower than the fatigue strength of the steel 
D. 
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Figure 5.1. Wöhler diagrams for the tool bodies of the steels with different 
sulphur content (A 0.007 wt% S, B 0.023 wt% S, C 0.051 wt% S, D 0.074 wt% 
S, E 0.090 wt% S, F 0.17 wt% S). Each data point is an average estimate of six 
failures. 
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Figure 5.2. Comparison between the fatigue strength obtained for the smooth 
specimens and tool bodies of the steels with different sulphur content (A 0.007 
wt% S, B 0.023 wt% S, C 0.051 wt% S, D 0.074 wt% S, E 0.090 wt% S, F 0.17 
wt% S). Brackets show the standard deviations. 
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Some fractography study using SEM determined the cause of failure and the 
size, type and location of inclusion initiated failure. Seven crack initiating 
inclusion conglomerations and six surface defects due to machining could be 
identified out of the 90 fractures of the tool bodies. The initiating inclusions 
were in all cases Al-, Si-oxides situated at the specimen surface, no sulphide 
inclusions were detected. Inclusion conglomeration areas were larger than 20 
µm in size. The remaining 77 fractures initiated at the surface, but without any 
obvious defects, Figure 5.3. When testing the smooth specimens, crack 
initiating inclusions were found on the majority of the fracture surfaces. 
 

Figure 5.3. Typical fatigue fracture 
morphology of the tested tool bodies. 
Crack initiation is indicated with an 
arrow. 

Figure 5.4. Surface topography of 
the critical radius in the tool body in 
SEM. 

 
Testing both the tool bodies and the smooth specimens, surface initiation of 
failures was natural due to the bending load mode. Fatigue cracks for the 
smooth specimens appeared in the plane perpendicular to the long direction 
and propagated in the radial direction. Contrary in the tool bodies the failure 
crack ran in the transverse plane. The latter was more detrimental as the 
inclusions were elongated in the axial direction, which was the rolling direction. 
As well, the radius in the pocket of the tool body was a strong stress 
concentrator enhancing the crack initiation localisation. The small radius 
resulted in a high stress concentration and a small critical stressed volume. 
Consequently, the probability of an occurring critical failure defect was smaller. 
Hence, it explains the low fraction of inclusion initiations in the tool bodies 
contrary to the smooth specimens, where we had a larger critical stressed 
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volume and failure controlled by inclusions. Surface stress raisers were also of 
importance in the tool bodies since its milled surface was rough, characterized 
by Rmax=15µm, Figure 5.4. This size was comparable to some inclusion sizes 
of the steels. Residual stresses were another important factor to consider when 
improving the fatigue strength.  In the present case a beneficial contribution of 
-80 MPa and -130 MPa residual stresses measured with XRD were present in 
the smooth specimens and tool bodies, respectively. 
Thus, when there is low demand on surface roughness and in the presence of a 
critical stress concentrator, the effect of sulphur content on fatigue strength is 
lower. In particular it implies that the addition of sulphur up to a certain limit, 
here about 0.09 wt%, for improved machinability is allowable without reducing 
the fatigue strength of the tool bodies to a considerable extent. 
 
 
5.2 Fatigue life of shot-peened tool bodies of different tool steels 

(Paper II) 
 
Bending fatigue strength of the tool bodies displayed a significant difference 
depending only on the selection of steel grade, Figure 5.5. The test geometry 
typical for a tool gave a strong dependence on surface and notch properties in 
the critically loaded radius. The fatigue strength was clearly related to the 
residual stress state; the more of compressive residual stresses induced by shot 
peening were retained, the better was the fatigue strength, Figures 5.5 and 5.6.  
Fatigue life at the test stress level of 1780 MPa (maximum local stress) for the 
tool bodies set the base line equally for the THG2000 and SS2541, which were 
hardened and tempered after machining, as no stresses were left after the heat 
treatment. A large improvement was made by shot peening (only run outs at 2 
million cycles for the MCG 4M). The ranking of fatigue life was clearly related 
to the differences in response to shot peening following in descending order 
the MCG 4M, THG2000 and SS2541. Then, a reduction in fatigue life was 
caused by the stress relieving treatment. In the present study, the MCG 4M 
performed the best with a higher level of the compressive residual stresses, 
followed by the THG2000 and SS2541 as least good. Stress relief of the SS2541 
brought it back to the same life as in the original hardened and tempered 
condition. 
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Figure 5.5. Probability of failure of the tool bodies vs. cycle number tested at 
maximum local stress of 1780 MPa. Obtained for the THG2000 and SS2541 
hardened and tempered after machining, the THG2000, SS2541 and MCG 4M 
shot-peened (SP) and shot-peened with subsequent annealing heat treatment at 
550°C for 2 hours. 
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Figure 5.6. Compressive residual stresses in the critical radius of the insert 
pocket of the tool bodies. Obtained for the THG2000, SS2541 and MCG 4M 
shot-peened (SP) and shot-peened with subsequent annealing heat treatment at 
550°C for 2 hours. 
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6       Stress relaxation resistance 
 
In the previous chapter shot peening has proved to be a powerful instrument in 
enhancing the resistance of tool bodies to fatigue damage by developing a layer 
of compressive residual stress. However, residual stresses tend to relax under 
high loading and elevated temperatures [10], e.g. from 200 to 600°C for tool 
bodies, and shot peening could become ineffective under such severe loading 
conditions. Therefore, the stability of the residual stresses is of importance for 
the service performance of cutting tool bodies and, hence, of great interest for 
exploration. 
The stored energy of a material is raised during plastic deformation as high 
concentration of point defects, dislocations and interfaces are being generated. 
The material becomes thermodynamically less stable, and the stored energy is 
reduced by thermally activated recovery processes [29]. Earlier investigations 
have shown that dislocation recovery is not a single microstructural process but 
a series of micromechanisms depending on a number of parameters. The 
relaxation is affected by the residual stress state itself and by the material state, 
such as the material type and its microstructure [10, 29]. It has also been 
demonstrated that residual stress relief increases with increasing time and 
temperature.  
Simulation and modelling of the relaxation behaviour are of importance to 
optimize the design and material selection for cutting tool bodies. The Zener-
Wert-Avrami function has been successfully applied for the description of the 
relaxation process with time and temperature in some type of steels [10, 30-32]. 
The overall aim of the present study was to optimize the stress relaxation 
resistance of shot-peened tool bodies to achieve better fatigue strength at 
elevated working temperatures. The recovery mechanisms accomplished by the 
relaxation of residual stresses and dislocation structures in a temperature range 
up to 600ºC and times between 0.5 and 50 hours were studied using XRD. The 
Zener-Wert-Avrami time-temperature function was used to model the 
relaxation behaviour of the steels for the determination of the stress relaxation 
activation energies and mechanisms. Influence of different heat and surface 
treatments and carbide precipitation on the relaxation behaviour was also 
studied. 
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6.1 Thermal stress relaxation of different shot-peened tool steels 
(Papers II and III) 

 
The shot peening process introduced the compressive residual stresses in the 
surface, which were approximately -750 ± 20 MPa in the THG2000 and MCG 
4M and -670 ± 20 MPa in the SS2541 steel. X-ray line broadening analysis can 
be used for the investigation of mean residual lattice strains 〈ε2〉1/2 
(microstrains) and the coherently diffracting domain size D for shot-peened 
materials and their disintegration with temperature. They are mainly caused by 
dislocation stress fields and are the measure of dislocation density [22, 23]. The 
microstrain and domain size values differed between the THG2000, MCG 4M 
and SS2541. It can be explained by the differences in the steel microstructures 
by solute alloying atoms in the martensite phase and number of coherent 
carbide precipitates. In addition, deformation hardening response to shot 
peening process might be also different.  
During subsequent annealing for 2 hours, different steels showed different 
ability to retain stresses with temperature, Figure 6.1. The hot-work tool steels 
THG2000 and MCG 4M showed better stress relaxation resistance than the 
low-alloyed steel SS2541 at higher temperatures because of their ability to 
inhibit the microstrain relaxation and domain size growth, Figure 6.2. The 
microstrains decreased with increasing temperature. The domain sizes remained 
almost unchanged up to the tempering temperature of the steels, and then 
increased dramatically at higher temperatures, Fig. 2b. Particularly for the 
THG2000, the stress and microstrain reduction stabilized at temperatures 
between 450 and 550°C, Figure 6.1. 
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Figure 6.1. Surface stress relaxation of the shot-peened tool steels after 
annealing at different temperatures for 2 hours. 
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Figure 6.2. (a) Microstrain and (b) domain size of the shot-peened THG2000, 
MCG 4M and SS2541 after annealing at different temperatures for 2 hours. 
Error estimate in microstrain and domain size determination was max ±0.03% 
and max ±2 nm, respectively. 
 
The observed decrease of microstrain and increase of domain size originated 
from the dislocation density decrease with temperature, which could be 
estimated from eq. (3.1). For simplicity, the dislocation density was expressed as 
a proportional value, using only the ratio between microstrain and domain size, 
Figure 6.3. The differences in the relaxation behaviour of the steels were 
directly connected with their resistance to dislocation rearrangement and 
annihilation at higher temperatures. The lowest resistance was found in the 
SS2541 followed by the MCG 4M and THG2000, Figure 6.3. Different 
dislocation mobility at higher temperatures in the investigated steels could be 
explained by different microstructure stability of the steel microstructures. 
During the annihilation and rearrangement of dislocations, the secondary 
carbides in the THG2000 and MCG 4M might pin dislocations and thus inhibit 
their movement. Moreover, interaction between dislocations and alloying 
elements in the martensitic phase could also influence the stress relaxation and 
dislocation mobility. The 450-550°C plateau in the THG2000 was revealed in 
terms of dislocation density as well, Figure 6.3. The stronger stress relaxation at 
temperatures above 550°C in the THG2000 than in the MCG 4M was 
proposed to be due to more rapid over-aging of carbides because of the higher 
chromium and silicon contents in the THG2000, which  are reported to 
promote the transformation of MC and M2C carbides to M23C6 [14-16].  
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Figure 6.3.  Normalized proportional dislocation density of the shot-peened 
THG2000, MCG 4M and SS2541 after annealing at different temperatures for 2 
hours. 
 
 
6.2 Subsurface stress relaxation (Papers II and III) 
 
Investigating the stress relaxation behaviour of the steels in the subsurface 
layers, it was found that the stress relaxation of the steels was more pronounced 
at the surface than in deeper layers, Figure 6.4. Different relaxation effect on 
and below the surface was connected with a work-hardening gradient. 
Microstrain decreased and domain size increased with increasing distance from 
the surface of the specimen, Figure 6.5a. Recalculated dislocation density 
decreased from the surface of the shot-peened specimen into the material, 
Figure 6.5b. As a result, the relaxation rate decreased due to dislocation-induced 
lower driving force. 
The MCG 4M showed much higher stress relaxation resistance below the 
surface than at the surface. It kept about 50% of initial residual stresses at the 
compressive stress maximum (50µm below the surface) after annealing at 650ºC 
for 2 hours, Figure 6.4. 
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Figure 6.4. Compressive residual stress depth distribution of the shot-peened 
tool steels before and after annealing at different temperatures for 2 hours. 
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Figure 6.5. (a) Depth distribution of microstrain and domain size for the shot-
peened THG2000 after annealing at 300 and 500°C for 2 hours, (b) calculated 
proportional dislocation density for the THG2000. 
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6.3 Long-term stress relaxation (Paper IV) 
 
Investigating the relaxation behaviour over longer period of time up to 50 
hours, three different temperature ranges can be distinguished concerning the 
stress relaxation in the tested steels: (i) 300ºC for the THG2000 and MCG 4M 
and 200ºC for the SS2541, (ii) 400-550ºC for the THG2000 and MCG 4M and 
300-400ºC for the SS2541 and (iii) 600ºC for the THG2000 and MCG 4M and 
450ºC for the SS2541, Figure 6.6a. In the first temperature region, the residual 
stresses decreased by about 10% in the first time step until 0.5 hour and 
afterwards they remained nearly constant. At the intermediate temperature 
range of 400-550ºC (the THG2000 and MCG 4M) and 300-400ºC (the SS2541), 
the stresses decreased continuously with time and temperature in all the tested 
grades. However, the THG2000 indicated some stabilization of the stress 
relaxation at 450 and 500ºC; the stresses diminished about 40% the first 3 hours 
and then they remained nearly constant until 50 hours.  At 600ºC (the 
THG2000 and MCG 4M) and 450ºC (the SS2541), which were the tempering 
temperatures for the steel grades, the stress relaxation rate was significantly 
increased, and almost all stresses were released during 3 hours, Figure 6.6a. 
Similar to residual stresses, the microstrain relaxation behaviour was found to 
depend on temperature, and the similar temperature ranges with different 
relaxation rate could be recognized, Figure 6.6b. Again, the THG2000 indicated 
the microstrain stabilization at 450 and 500ºC at times longer than 3 hours. The 
domain size remained unchanged up to 500ºC in the THG2000, Figure 6.6c. 
The MCG 4M kept domain size up to 450ºC for all the times and at 500ºC for 
15 hours. Then, a small increase at 500ºC after 15 hours annealing was 
observed. Domain size in the SS2541 was not altered up to 300ºC for all the 
times, increasing then at 350ºC after 10 hours. At higher temperatures, the 
domain size increased continuously with time and temperature in all the tested 
grades, Figure 6.6c.  
The stress relaxation stabilization in the THG2000 at 450 and 500°C for the 
times longer than 3 hours was related to the microstrain relaxation stabilization 
at these time interval and temperatures, Figures 6.6a and b. Precipitation of 
small particles may pin the dislocations in steels inhibiting recovery and 
retaining high dislocation content [29]. In the investigations of the thermal 
relaxation in the THG2000, described later in Chapter 6.5, no secondary 
carbide precipitation was presently found to be responsible for the stabilization 
behaviour. A strain ageing effect or dislocation rearrangement into stable 
configurations were proposed as the possible retardation mechanisms. 
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Figure 6.6.  (a) Stress relaxation, (b) microstrain and (c) domain size vs. 
annealing time at different temperatures on the surface of the shot-peened 
THG2000. Brackets show the 95% confidence interval. 
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6.4 Modelling of the relaxation behaviour (Paper IV) 
 
Thermal relaxation of residual stresses and work hardening in dependence on 
time and temperature can be described by the Zener-Wert-Avrami function 
[10]: 

)))exp((exp(
0

m
RS

RS

kT
HtC Δ

−⋅⋅−=
σ
σ                    (6.1) 

where σRS is the magnitude of the residual stress after isothermal annealing for 
time t at the temperature T, σ0RS is the initial residual stress at room 
temperature before annealing, k is the Boltzmann constant, ΔH is the activation 
energy for stress relaxation, C is a constant and m is an exponent depending on 
the corresponding relaxation mechanism. 
From eq. (6.1) it follows: 

kT
HmtmCmRS

RS 1
10ln

loglog)log(ln 0 ⋅
Δ⋅

−+⋅=
σ
σ             (6.2) 

By plotting the term on the left side of eq. (6.2) against log t, straight lines are 
expected for constant annealing temperature T. The slope of these lines yields 
the exponent m, which should be temperature-independent. From the same 
plots for the constant stress relaxation values σRS/σ0RS, linear log t versus 1/kT 
relations are valid. The activation enthalpy ΔH can be derived from the slope of 
the log t versus 1/kT plot. Thus, the values for m and ΔH were determined for 
the tested materials. 
The Avrami approach described very well the time and temperature 
dependence of the stress and microstrain relaxation processes of the tested 
steels. The calculated activation energy for the stress and microstrain relaxations 
in the steels, Table 6.1, was close to the value of the activation enthalpy for self-
diffusion of α-iron, which was reported to be 252.5 kJ/mol [33], and agreed 
very well with the findings of other researchers [30-32]. It implies that the main 
mechanism responsible for the residual stress relaxation is diffusion controlled, 
and for the tested materials is expected to dominate by climb of edge 
dislocations [29].  
Three different temperature ranges can be distinguished concerning the 
evaluated m parameter of the Avrami approach determining the relaxation rate, 
Table 3: (i) 300ºC for the THG2000 and MCG 4M and 200ºC for the SS2541, 
(ii) 400-550ºC for the THG2000 and MCG 4M and 300-400ºC for the SS2541 
and (iii) the tempering temperatures of the steels, 600ºC for the THG2000 and 
MCG 4M and 450ºC for the SS2541. The exponent m was similar between the 
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steels in the respective temperature region, but where the SS2541 was shifted 
towards lower temperatures. In the intermediate temperature range (ii), the 
determined m values for the stress relaxation in the steels corresponded well 
with the data found by other researchers [10, 30, 31]. However, the microstrain 
relaxation rate reported earlier was closer to that for the stress relaxation [10], 
while in the present case the microstrain relaxation rate was about 1.5 times 
higher than for the stress relaxation. The recovery process occurring was 
controlled also by the subgrain formation and growth by dislocation 
rearrangement (change in domain size), beside a reduction in overall dislocation 
density. 
At the lower temperatures, the relaxation rate was insignificant, and the 
relaxation retardation was observed. At the tempering temperatures of the steels, 
the stress relaxation rate was influenced by the microstructure transformations 
of the steels. 
 
Table 6.1. The relaxation activation energy ΔH and relaxation exponent m of 
the Zener-Wert-Avrami approach determined for the tested steels. Here, the 
stabilization of the stress and microstrain relaxation in the THG2000 was not 
taken into consideration. 

Residual stress Microstrain Steel 
ΔH, kJ/mol m ΔH, kJ/mol m 

THG2000   
300ºC 0.027 0.039 
400-550ºC 0.153 0.253 
600ºC 

 
283 

0.437 

 
221 

- 
MCG 4M   

300ºC 0.028 0.034 
400-550ºC 0.165 0.210 
600ºC 

321 

0.342 

217 

- 
SS2541   

200ºC 0.026 0.044 
300-400ºC 0.172 0.259 
450ºC 

295 

0.413 

209 

- 
 
The practical alternative to the model described above is to correlate 
experimental data with just one time-temperature parameter. Creep deformation 
is controlled by diffusional movement of dislocations, and the Larson-Miller 
parameter is the most widely used in extrapolation of creep rupture data [34]. In 
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this study, the stress relaxation mechanism was also found to be diffusion 
controlled. Therefore, application of the Larson-Miller parameter could be 
relevant to the stress relaxation process as well. The Larson-Miller parameter 
represents as T(K + log t) and remains unchanged for a given material and stress 
relaxation. A correlation of the stress relaxation data for the tested steels using 
the Larson-Miller time-temperature parameter is presented in Figure 6.7, with 
the constant K set to 10. The described modelling method is a quick and easy 
way for direct comparison of stress relaxation resistance of different materials. It 
is clear from Figure 6.7, that the THG2000 is the superior steel in terms of stress 
relaxation resistance followed by the MCG 4M and the significantly worse 
SS2541. 
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Figure 6.7. Correlation of the stress relaxation data for the tested steels using 
the Larson-Miller time-temperature parameter. The time and temperature scale 
is in units of h and ºC, respectively.  
 
 
6.5 Thermal stress relaxation after different heat and surface 

treatments (Paper III) 
 
Thermal stress relaxation was determined in the surface of the THG2000 after 
different treatments: machining in prehardened condition (hard machining), 
shot peening and plasma nitriding, which introduced compressive residual 
stresses of -250, -700 and -500 MPa, respectively. The different treatments did 
not change the relaxation behaviour of the steel. The shape of the stress 
relaxation curve was independent on whether shot peening, hard machining or 
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plasma nitriding was used, Figure 6.8a. However, up to the annealing 
temperature 400ºC, least residual stress relaxation was observed in the plasma 
nitrided THG2000 followed by the hard-machined and shot-peened, Figure 
6.8a. It was probably related to different work hardening degrees of the material 
after hard-machining and shot peening, as well as a modified microstructure in 
the nitrided layer after plasma nitriding (the THG2000 was 44 HRC before shot 
peening and plasma nitriding and 48 HRC before hard machining).  
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Figure 6.8. Surface stress relaxation of the THG2000 after annealing at 

fter all the surface treatments, the THG2000 demonstrated stress relaxation 

different temperatures for 2 hours. (a) Residual stresses introduced by hard 
machining, shot peening and plasma nitriding, (b) Before shot peening, the 
THG2000 was tempered twice for 2 hours at 200 and 550ºC to 48 HRC and at 
600°C to 44 HRC. 
 
A
stabilization over the temperature range 450-550°C. The first presumption in 
order to explain the phenomenon of relaxation stabilization was that 
precipitation of secondary carbides in the steel might affect the dislocation 
reconfiguration by pinning the dislocation movement. Thereby, it might 
increase stress relaxation resistance in this steel compared to the SS2541 and 
MCG 4M (the THG2000 is higher alloyed with carbide forming elements and 
exhibits a pronounced secondary hardening response in quenched condition 
after tempering twice for 2 hours at 450-500°C).  
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In order to study the influence of secondary carbide precipitation on the stress 
relaxation, the THG2000 was austenitized at 1020°C/30min, quenched in air, 
tempered at 200 and 550°C to obtain two sets of samples (each tempered twice 
for 2 hours) to reach a similar hardness of 48 HRC, and then they were shot-
peened. Tempering at the lower temperature gave a higher secondary hardening 
potential during subsequent tempering at 450-500°C. However, the subsequent 
residual stress relaxation testing did not show any influence of the prior 
tempering temperature level, as both conditions followed the same stress 
relaxation path, Figure 6.8b.  
Similarly, the TEM investigation of the THG2000, hardened and tempered 
twice at 600ºC for 2 hours and additionally annealed at 500ºC for 2 hours did 
not give any evidence of further carbide precipitation. The precipitates were 
finely dispersed inside the martensite laths and have spherical or plate/disc 
shape. The carbide size varied from 2-3 nm to 10-12 nm, Figure 6.9.  
 

a b 
Figure 6.9. Dark field electron imaging of (a) MC and (b) M2C precipitates, in 
the THG2000 hardened and tempered twice for 2 hours at 600°C and 
additionally annealed for 2 hours at 500°C. 
 
 
6.6 Stress relaxation during isothermal fatigue (Papers II and V) 
 
Isothermal fatigue tests (ITF) combined thermal effects and mechanical 
loading. Residual stresses, microstrain and domain size was investigated on the 
surface of the hard-turned ITF specimens of the THG2000 and MCG 4M 
before testing, after isothermal fatigue testing at 450°C and 550°C (testing time 
approx. 2 hours)  and after annealing at 550°C for 2 hours. The stress and 
microstrain decrease occurred after the ITF tests was found to be similar for 
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both the steel grades and depended just on the testing temperature, Figures 6.10 
and 6.11a. Comparing the stress and microstrain in the steels after the ITF and 
annealing at 550°C for 2 hours, the stress and microstrain decreased a lot more 
after the ITF testing than it would have happened if the specimens were only 
subjected to thermal exposure. This indicated a mechanical relaxation in the 
steels. The domain size increase occurred only at 550ºC. It was found to be 
insensitive to cyclic loading, Figure 6.11b. 
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Figure 6.10. Residual stresses on the surface of the hard-machined  ITF 
specimens of the THG2000 and MCG 4M after the ITF testing at 450°C and 
550°C and after the additional annealing at 550°C for 2 hours.  
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Figure 6.11. (a) Microstrain and (b) domain size of the steels after the ITF 
testing at 450°C and 550°C and after the additional annealing at 550°C for 2 
hours. Error bars show the standard deviations. 
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7       High-temperature properties 
 
Cutting tool bodies should securely support and accurately position the cutting 
insert in service. As the temperature during machining can reach up to 600°C, 
such properties as hot hardness, temper resistance and high-temperature fatigue 
strength are of importance. 
Earlier investigations have shown that softening during tempering and high-
temperature fatigue is strongly connected to the microstructure and its stability 
at high temperatures [15, 35-37]. The softening resistance of hot-work tool 
steels is determined by changes in character of the alloy carbides at elevated 
temperature and by recovery of the dislocations in martensitic structure [36]. 
Fine carbides coarsen progressively and a strong reduction of the dislocation 
density occurs. The aim of this chapter was to evaluate the mechanisms of 
high-temperature softening of the THG2000 and MCG 4M and the hot-work 
tool steel QRO90 having high elevated-temperature strength, included as a 
reference. Carbide morphology and precipitation were determined using TEM.  
 
 
7.1 Hot hardness (Paper V) 
 
In moderate temperature range, up to 0.5Tm, where Tm is the melting point of a 
metal or alloy, the mechanism controlling the softening is reported to be the 
dislocation slip and deformation twinning [38]. Resistance of the solute 
impurity atoms to the moving dislocations gives the main contribution to the 
flow stress and determines the softening resistance [39]. 
All the tested materials showed softening with temperature increase, Figure 7.1, 
where the softening behaviour depended on the steel grade. Up to the 
temperature of 350°C, all the steels exhibited the continuous hardness decrease 
with increasing temperature, and no difference in softening behaviour was 
observed between the steels. At higher temperatures, the low-alloyed SS2541 
underwent a drastic hardness decrease, while the hot-work tool steels displayed 
more enhanced hot hardness. The QRO90 and MCG 4M demonstrated the 
highest hot hardness values at temperatures higher than 600ºC. The softening 
retardation occurred for the THG2000 at 450-550°C. The hot hardness curve 
had a plateau in the temperature range of 450-550°C, and then the abrupt 
hardness decrease occurred, Figure 7.1. The hot hardness stabilization at 450-
550°C might be related to strain ageing effects occurring in the THG2000. 
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Figure 7.1.  Hardness of the steels at elevated temperatures. 
 
 
7.2 Temper resistance (Paper V) 
 
At high working temperatures, the tested steels exhibited a progressive hardness 
decrease, Figure 7.2, associated with coarsening of fine carbides and dislocation 
density reduction. These two phenomena were strongly related to annealing 
time and temperature. 
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Figure 7.2. Hardness dependence on time for the steels annealed at different 
temperatures. 
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No hardness decrease was observed for the THG2000, MCG 4M and QRO90 
at 500ºC for 100 hours. However, the thin foil TEM investigation of the 
THG2000, annealed at 500ºC for 2 hours, showed the distinct spots of the MC 
and M2C precipitates in the diffraction pattern and circles started to form in the 
pattern in the presence of larger carbides, about 20 nm, Figure 7.3. This 
indicated that some larger precipitates started to loose their coherency [18] 
(Paper III).  
 

 
Figure 7.3. (a) Diffraction pattern of the (011) direction of the matrix together 
with the patterns for MC and M2C in the THG2000 hardened and tempered 
twice for 2 hours at 600°C, and additionally annealed for 2 hours at 500°C. 
 
The TEM investigations of the carbon extraction replicas showed no changes 
of carbide morphology and size in the tested materials after two-hour annealing 
at the temperature of 550°C, i.e. below the tempering temperature of the steels. 
However, a sharp decrease of hardness took place during the short-time 
annealing at temperatures exceeding the tempering temperatures of the steels, 
Figure 7.2, and the TEM investigations showed the carbide coarsening in the 
THG2000 after two-hour annealing at 650°C, Figure 7.4. 
Over longer annealing times, the QRO90 demonstrated a better temper 
resistance in comparison to the THG2000 and MCG 4M at all annealing 
temperatures. An increase in molybdenum content promoted M2C formation 
and a decrease in chromium content was supposed to delay the transformation 
of MC and M2C carbides to M23C6 [14, 15]. The MCG 4M demonstrated a 
temper resistance of the same level as THG2000 at the annealing temperatures 
up to 550°C, and an improved temper resistance at higher temperatures and 
longer annealing times. It might be related to the more stable MC carbides 
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because of the lower chromium and silicon contents in the MCG 4M than in 
the THG2000. The amount of alloying elements in the martensitic phase might 
also influence. Annealing could be considered as a diffusional phase 
transformation from a metastable state (martensite) towards a quasi-equilibrium 
state (ferrite + globular carbides). The MCG 4M was high-alloyed with nickel 
that could retard the diffusional phase transformation in steels. 
 

a b 
Figure 7.4. Bright field TEM replica image showing different populations of 
carbides in the THG2000 hardened and tempered twice for 2 hours at 600ºC 
(a) and additionally annealed for 2 hours at 650ºC (b). The dark areas are the 
MC, M6C and M7C3 carbides, the grey areas consist of a large number of the 
elliptical-shaped M3C secondary carbides. 
 
 
7.3 Isothermal fatigue (Papers II and V) 
 
Combining thermal effects and mechanical loading during the ITF test, Figure 
7.5, cyclic straining processes led to microstructural changes causing cyclic 
hardening and/or softening of the steels. All the tested materials demonstrated 
a cyclic stress softening of the bulk at 550°C, Figure 7.5, where softening 
behaviour was similar for all the tested steel grades. Softening behaviour was 
also observed for the QRO90 and MCG 4M at 450°C without any difference 
between the steel grades, while the THG2000 showed hardening behaviour in 
the ITF at this temperature. Hardness measurements revealed a hardness 
decrease from 445 to 383 HV for all the tested steels after testing at 550°C. 
After fatigue testing at 450°C, the QRO90 and MCG 4M softened to 430 HV, 
while the THG2000 increased its hardness to 471 HV.  
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Researchers have proposed various mechanisms to explain the softening 
behaviour of steels: resolution of precipitates after being cut by dislocations to a 
size smaller than the critical size for particle nucleation [40]; over-aging of 
precipitates [36]; and rearrangement of dislocation substructure into a 
dislocation subgrain structure of lower internal stress [35, 36]. Here, cyclic 
softening during isothermal fatigue was considered to be caused by the 
rearrangement of the initial high dislocation density structure to a lower 
dislocation density structure. No coarsening of carbides was observed in the 
tested steels after the ITF at 550°C during the TEM investigations. It could be 
explained that the testing time was not enough for dissolution of the smaller 
carbides and growth of the bigger ones. 
Small fine carbides are reported to obstacle the dislocation motion and retard 
softening [29]. No difference in the softening behaviour of the MCG 4M was 
observed in comparison with the THG2000 and QRO90, Figure 7.5, although 
it contained fewer precipitates than the two others, Figure 4.3. The cyclic 
hardening of the THG2000 at 450°C might be the result of the strain ageing 
effect.  
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Figure 7.5. Normalized stress amplitude σa/σa0 versus cycle number for the 
THG2000, MCG 4M and QRO90 in the ITF performed in strain control 
±0.5% at 450 and 550°C. Each test series was averaged from three specimens. 
Final failure occurred for all the steels and temperatures at 1500-3000 loading 
cycles. The shortest fatigue life and considerable softening was observed for the 
SS2541, it stood just several loading cycles at 450ºC and no loading cycle at 
550ºC. 
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8       Machinability 
 
Machinability has several definitions and may be assessed by one or more of the 
following characteristics: tool life, limiting rate of material removal, cutting 
forces, machined surface and chip breaking [5]. It depends on many factors 
such as machining operation, cutting conditions and cutting tool. Machinability 
of prehardened steel is influenced by non-metallic inclusions, mechanical 
properties, chemical composition and microstructure. 
This chapter is devoted to machinability studies of the newly-developed tool 
body steel of varying nickel content from 1 to 5 wt% in the prehardened 
condition. The machinability of the steel was estimated in end milling and 
drilling as they are the toughest operations in tool body manufacturing. The 
difference in machinability with nickel content was discussed in terms of its 
influence on the tool steel microstructure and mechanical properties. 
 
 
8.1 End milling (Paper VI) 
 
8.1.1 Tool life and tool wear 
 
Figure 8.1 shows the relationship between cutting length and the flank wear 
when end milling the steels of varying nickel content. The flank wear developed 
in three stages: rapid initial wear, gradual wear and accelerating wear.  The initial 
wear did not differ much between the materials. Then, milling the Ni1 (1 wt% 
Ni) and Ni2 (2 wt% Ni), gradual wear rapidly turned to the accelerating stage, 
while it was progressing at a slower rate when milling the Ni3 (3 wt% Ni) and 
Ni5 (5 wt% Ni). As a result, the tool life was almost two times longer when 
machining the steel containing 3 and 5 than 1 and 2 wt% nickel. 
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Figure 8.1. Flank wear vs. milled length when end milling the tested materials. 
Error bars show the standard deviation among three teeth. 
 
The SEM analysis of the clearance face after 1000 mm cutting showed that the 
flank wear of the tool was more pronounced when milling the grades with 
lower nickel content, Figures 8.2a ad b. Tungsten carbide is the major 
compound in the substrate of the cemented carbide inserts. The more tungsten 
is seen on the SEM EDX element map, the more is the damage of the tool. The 
EDX mapping of W on the clearance face exhibited that damage of the TiAlN 
coating was greater on the tools machined in the Ni1, Figure 8c, than in the 
Ni5, Figure 8d. The Fe-element map observed with SEM EDX showed that 
more adhered work material was present on the clearance face of the tool used 
in the Ni1, Figure 8e, than in the Ni5 steel, Figure 8f. Adhesion caused 
chipping of the cutting edge and irregular flank wear on the tools used in the 
steels containing 1 and 2 wt% nickel. The rake face investigations showed the 
same wear pattern – the enhanced build-up of the Ni1 steel to the cutting tool, 
Figure 9a, than of the Ni5, Figure 9b. 
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a b 

 
c d 

 

e f 
Figure 8.2. SEM images of the clearance faces of the milling cutters after 1000 
mm milling the Ni1 (a) and Ni5 (b). EDX mapping of W and Fe showing tool 
wear and adhered material, respectively, after 1000 mm milling the Ni1 (c and e) 
and Ni5 (d and f). 
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a 

b 
Figure 8.3. SEM images and Fe-element EDX mapping of the rake faces of 
the milling cutters after 1000 mm milling the Ni1 (a) and Ni5 (b) steels.  
 
The tool life is directly influenced by both cutting forces and cutting 
temperatures. Increasing any of them, the tool wear accelerates resulting in a 
more rapid failure. 
 
 
8.1.2 Cutting forces 
 
The difference in cutting force can verify the difference in material 
machinability. The cutting force measurements at early cutting stages showed 
that the total cutting force increased when the nickel content in the steel 
decreased, Figure 8.4a. The higher cutting forces promoted sticking to the 
cutting edge and associated built-up edge formation. This was clearly observed 
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when machining the Ni1 and Ni2 steels. The total cutting force increased in all 
the tested grades after 1000 mm milling as the tool became more worn, Figure 
8.4a. 
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Figure 8.4. (a) Total cutting force and (b) residual stresses on the milled 
surface vs. wt% Ni in the tested steel grades after 150 and 1000 mm milling. 
 
Higher cutting forces resulted in a stronger deformation of the machined work 
material surface. The cutting force measurements corresponded well with the 
studies of the milled surfaces of the steels. The thicker layer of the highly 
deformed material with higher residual stresses was present on the machined 
surface of the steels containing less nickel, Figure 8.4b. After 1000 mm milling, 
the cutting edge was more worn and blunt and, therefore, inducing more 
surface deformation. The total cutting force increased resulting in higher 
residual stresses introduced by milling, Figure 8.4b. 
The cutting force is strongly dependent on the elevated temperature strength, 
work hardening and ductility of work material.  Materials with higher strength, 
ductility and work hardening rate require more deformation energy to create a 
chip [5]. In the present study, the main reason for higher cutting forces in lower 
nickel-containing steels was considered to be the higher elevated temperature 
yield strength of the materials, Table 4.4. The work hardening was not likely to 
be responsible for the difference in cutting forces as the chip investigations 
showed the same work hardening level of the tested grades, Figure 8.5. More 
ductile steel usually tends to stick to the tool and form a built-up edge [41, 42]. 
In the present study, the increase in ductility with increasing nickel content did 
not result in higher cutting forces or stronger adhesion to the cutting edge. 
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8.1.3 Tool /chip interface temperature 
 
The largest part of the work done in deforming the material to form the chip is 
converted into heat. The heat generated at the tool/workpiece interface plays a 
major role in the tool performance limiting the rates of metal removal and the 
tool life as the tool softens at high temperatures and becomes more exposed to 
wear and plastic deformation. The heat generation occurs in three areas:  the 
shear zone, the rake face and the clearance face of the cutting edge [5]. 
The effect of heat generated during cutting was estimated from the chip studies. 
The layer of microstructural alteration and increased hardness was found on the 
surface of the chips, Figures 8.5 and 8.6. It was a layer of material that exceeded 
the austenitization temperature, and then quenched by the surrounding air, 
producing untempered martensite. The heat affected layer was thicker after 
milling the lower nickel containing steels. In view of these findings, it can be 
concluded that the chips formed during cutting the lower nickel-containing 
steels were subjected to higher temperatures when compared to the higher 
nickel-alloyed steels. 
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Figure 8.5. The microhardness HV0.001 profiles through the cross-sections of 
the chips produced during milling the tested steels. Distance from the chip 
surface was measured from the side which was in contact with the rake face of 
the tool. 
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In addition, the temperature of ferrite to austenite transformation determined 
by a dilatometer was found to decrease with increasing nickel content in the 
steel, Table 4.3.  It indicated that the cutting temperature should be higher 
during milling the lower nickel-containing steels to get the phase transformation 
observed from the chip studies. 
 

a b 
Figure 8.6. SEM images of the sub-surface damage on the chip surface after 
1000 mm milling the Ni1 (a) and Ni5 (b) with a sharp tool. 
 
The temperature at the tool/workpiece interface is also influenced by heat loss 
through conduction. Addition of alloying elements to the steel reduces its 
thermal conductivity, which, in turn, increases the cutting temperature [5, 41-
43]. Insignificant difference in thermal conductivity of the steels in the present 
study at high temperatures, Figure 4.7, could not affect the cutting temperature 
during milling.  
The higher temperatures while milling the lower nickel-alloyed steels could 
promote the material adhesion to the cutting edge and easier built-up edge 
formation, which was clearly observed during the SEM studies of the tool wear, 
Figures 8.2 and 8.3. 
Summing up, end milling the lower nickel containing steels generated higher 
cutting forces and temperatures, which promoted the material adhesion to the 
cutting edge and easier built-up edge formation.  As a consequence, the tool 
wear accelerated resulting in a more rapid failure. The decrease in cutting forces 
with nickel content was mainly related to the effect of nickel on yield strength 
at elevated temperatures observed in the steels.  
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8.2 Drilling (Paper VI) 
 
The drilling test showed that increase in nickel content resulted in improved 
drillability of the steel. The drill life expressed in number of holes until failure 
was increased significantly at all the tested cutting speeds when the steel 
contained more nickel, Figure 8.7.  
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Figure 8.7. Number of drilled holes until failure vs. wt% Ni in the tested 
grades at different cutting speeds. Error bars show the standard deviation 
among five drilling trials. 
 
Drilling characteristics of the tool steels are also correlated with the mechanical 
properties [44]. The thrust force increased when the nickel content in the steel 
decreased, Figure 8.8. The tested steels had the same hardness, but the room 
temperature yield strength was found to depend on the nickel content in the 
steel, Table 4.4.  The cutting temperature was not a dominating factor for the 
tool life as the cutting speed was not high and a coolant was used during the 
drilling test.  
Again, in spite of the higher ductility, the steels with higher nickel content 
showed lower thrust forces and improved drillability. It was obvious from the 
SEM observations of the drills that the steels containing 1 and 2 wt% Ni 
adhered more to the cutting edge than the steels with 3 and 5 wt% Ni, Figure 
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8.9. Presumably, the higher strength of the lower nickel-containing steels 
resulted in higher thrust forces, ending up in the adhered material, built-up edge 
and drill wear. 
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Figure 8.8. Thrust force vs. wt% Ni when drilling one hole with a sharp drill in 
the tested steel grades at 17 and 19 m/min. 
 

a b 
Figure 8.9. SEM images of the drills after drilling one hole in the Ni1 (a) and 
Ni5 (b) at 17 m/min. 
 
An essential feature of drilling is that the tool life highly depends on the chip 
breaking and chip transportation from the cutting area. Chip breaking is much 
more important in drilling as it is a continuous cutting process than in milling, 
which is an interrupted process. Chip transportation is of importance as chip 
stuck in the cutting area or flutes easily results in a drill failure [45]. Increase in 
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material ductility is usually recognised to lead to the formation of a thicker chip, 
which is difficult to break [44, 45]. However, fine distributed carbides may act 
as stress raisers in the shear plane at the tip of the tool promoting the chip 
breaking process [43]. The steel grades with higher nickel content contained the 
finer distributed carbides in the martensitic matrix, Figure 4.6, which could 
improve the chip breaking in drilling. Cyclic variation of the torque magnitude 
during drilling can give some information about the chip breaking and 
transportation in a drilling process of a given material. High variation in torque 
magnitude indicates the hindered chip breaking and transportation from the 
cutting area, while lower vibrations correspond to a more stable drilling 
process. The torque standard deviation around the mean value showed that the 
chip breaking and transportation processes were smoother during drilling the 
steel with increased nickel content, Figure 8.10.  
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Figure 8.10. Torque deviation vs. wt% Ni when drilling one hole with a sharp 
drill in the tested steel grades at 17 and 19 m/min. 
 
Summing up, the main reason for longer tool life when drilling the steels with 
higher nickel content are considered to be lower thrust forces, which were the 
result of lower yield strength of these materials, and improved chip breaking by 
fine dispersed carbides in their microstructure.  
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9       Summary 
 
Analysing the common damage mechanisms and working conditions of cutting 
tool bodies, the demanding properties influencing the steel usability are fatigue 
strength, stress relaxation resistance, high-temperature properties and 
machinability. There is a potential to improve the cutting tool performance by 
choosing hot-work tool steels with an optimized combination of the 
demanding properties before the low-alloyed steels for cutting tool bodies.  
 
In tool body application, where the demand on surface roughness is low and a 
geometrical stress concentrator is present, the addition of sulphur to the steel 
up to a certain limit, here up to 0.09 wt%, to improve machinability, is 
allowable without a significant reduction in the fatigue strength. In 95% of the 
tool body fractures, fatigue crack starts from the surface of the critical radius in 
the insert pocket without any obvious defects. 
 
Fatigue life of cutting tool bodies to a large extent depended on the steel 
deformation response to stress introducing treatments and its resistance to 
stress relaxation under high dynamic loading and/or elevated temperatures. 
 
Different tool steels, shot peened to induce compressive residual stresses, 
exhibited different stress relaxation resistance that depended on their 
microstructure, temper resistance, and working temperature. The stress 
relaxation of the steels was directly related to the time-temperature microstrain 
decrease and domain size increase. The recovery mechanism involved 
dislocation density decrease reflected by microstrain relaxation and domain size 
growth. Hot-work tool steels showed to be more preferable to low-alloyed tool 
steels because of their ability to inhibit the rearrangement and annihilation of 
induced dislocations. Stress relaxation in the subsurface layers was less 
pronounced than at the surface due to decreasing dislocation-induced driving 
force with increasing distance from surface. 
 
The stress relaxation rate was found to be time and temperature dependent. At 
300 and 200ºC for the hot-work and low-alloyed tool steels, respectively, the 
relaxation rate was insignificant, and the relaxation retardation was observed 
after 0.5 hour annealing. At the intermediate temperature ranges of 400-550ºC 
for the hot-work tool steels and 300-400ºC for the low-alloyed steel, the 
stresses decreased continuously with time and temperature. At the tempering 
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temperatures of the steels, the stress relaxation rate was significantly increased 
than at lower temperatures, and the relaxation behaviour was influenced by the 
microstructure transformations. 
 
The Zener-Wert-Avrami time-temperature function can be used to model the 
relaxation behaviour of the tool steels. The activation energy for the stress 
relaxation was found to be close to the activation enthalpy for lattice self-
diffusion of α-iron. It implies that the main mechanism responsible for the 
residual stress relaxation is diffusion controlled dislocation rearrangement. A 
proposed alternative modelling method using the time-temperature Larson-
Miller parameter was an easy and demonstrative way for direct comparison of 
the stress relaxation resistance of different steels. 
 
Stress relaxation stabilization was found in the THG2000 after annealing at 450 
and 500°C for the times longer than 3 hours and up to 50 hours. The 
stabilization behaviour was observed independent of the stress introducing 
method or the material heat treatment before. No secondary carbide 
precipitation was presently found to be responsible for the stabilization 
behaviour. A strain ageing effect was proposed as a possible retardation 
mechanism. 
 
High-temperature cyclic loading caused more pronounced decrease in 
dislocation density than a single thermal exposure. Disintegration of the 
dislocation structure was associated with the microstrain decrease; domain size 
was found to be insensitive to cyclic loading and depended only on temperature 
and time. 
 
In short-time isothermal fatigue, the differences in alloying composition and 
microstructure presently tested had no influence on the cyclic softening 
behaviour of the hot-work tool steels at 550ºC. Unlike others, the THG2000 
demonstrated the cyclic hardening at 450ºC. No coarsening of carbides was 
observed in the tested steels after the ITF at 550°C; the initial stage of softening 
was controlled by the dislocation rearrangement and annihilation and depended 
on the working temperature.  
 
Long-time softening was affected by temper resistance of the tool steels that 
strongly depended on the carbide morphology and their over-ageing resistance. 
The greater molybdenum content and lower chromium content in the QRO90 
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than that in the THG2000 promoted the better resistance to softening at all 
temperatures. The new hot-work tool steel MCG 4M, leaner alloyed with 
carbide forming elements and added Ni, had better temper resistance than the 
THG2000 at higher temperatures and longer tempering times. Nickel is 
believed to retard the long-time high-temperature softening of the steel. 
 
Machinability of the steels depended on the chemical composition and 
microstructure, which in turn, defined the steel properties. Nickel showed to 
have a strong influence on the machinability of the hot-work tool steel. The 
steels with higher nickel content exhibited considerably higher tool life 
estimated by measuring of flank wear and number of produced holes in end 
milling and drilling, respectively. The difference in machinability was related to 
nickel influence on the steel microstructure and mechanical properties.  
 
In end milling, machining the lower nickel-containing steels generated higher 
cutting forces and temperatures, which promoted the material adhesion to the 
cutting edge and easier built-up edge formation.  As a consequence, the tool 
wear accelerated resulting in a more rapid failure. The decrease in cutting forces 
with increasing nickel content in the steel was mainly related to the decrease of 
the elevated temperature yield strength. 
 
In drilling, the main reasons for longer tool life were considered to be lower 
thrust forces when drilling the steels with higher nickel content and improved 
chip breaking by finer dispersed carbides in their microstructure. The reduced 
forces were the result of lower yield strength of the higher nickel-containing 
steels. 
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10      Conclusions 
 
Performance of cutting tool bodies can be greatly improved using advanced 
steels such as hot-work tool steels as tool body materials. 
 
Using hot-work tool steels, fatigue performance of tool bodies can be greatly 
improved as hot-work tool steels have better resistance to residual stress 
relaxation at elevated temperatures. 
 
Using hot-work tool steels, tool performance can be enhanced as softening 
resistance of hot-work tool steels is more pronounced than the low-alloyed 
steels. 
 
Machinability of hot-work tool steels can be improved by alloying. The addition 
of sulphur up to a certain limit is allowable without reducing the fatigue 
strength of tool bodies. Increasing nickel content in hot-work tool steels up to 
5 wt% resulted in the significant improvement of the steel machinability in end 
milling and drilling operations.  

 75



References 
 
[1] Modern metal cutting: a practical handbook. Gimo: AB Sandvik 

Coromant; 1994. 
[2] Sato M, Ueda T, Tanaka H. An experimental technique for the 

measurement of temperature on CBN tool face in end milling. 
International Journal of Machine Tools & Manufacture 2007; 47:2071–
2076. 

[3] Kim SW, Lee CM, Lee DW, Kim JS, Jung YH. Evaluation of the 
thermal characteristics in high-speed ball-end milling. Journal of 
Materials Processing Technology 2001; 113(1-3):406-409. 

[4] Ueda T, Hosokawa A, Oda K, Yamada K. Temperature on Flank Face 
of Cutting Tool in High Speed Milling. CIRP Annals - Manufacturing 
Technology 2001; 50(1):37-40. 

[5] Trent EM, Wright PK. Metal cutting. Boston: Butterworth-Heinemann; 
2000. 

[6] Kiessling R. Nonmetallic inclusions and their effects on the properties 
of ferrous alloys. In Ilshner B, editor. Encyclopedia of Materials science 
and Technology. Oxford: Elsevier; 2001:6278-6283. 

[7] Yang X, Liu CR. Methodology for predicting the variance of fatigue life 
incorporating the effects of manufacturing process. Journal of 
Manufacturing Science and Engineering 2002; 124:745-753. 

[8] Segawa T, Sasahara H, Tsutsumi M. Development of a new tool to 
generate compressive residual stress within a machined surface. 
International Journal of Machine Tools and Manufacture 2004; 44:1215-
1221. 

[9] Ghanem F, Braham C, Fitzpatrick ME, Sidhom H. Effect of near-
surface residual stress and  microstructure modification from machining 
on the fatigue endurance of a tool steel. Journal of Materials Engineering 
and Performance 2002; 11 (6):631-639. 

[10] Löhe D, Vöhringer O. Stability of residual stresses. In: Totten GE, 
Howes MA, Inoue T, editors. Handbook of residual stress and 
deformation of steel. Ohio: ASM International; 2002:54-69. 

[11] Roberts G, Krauss G, Kennedy R. Tool steels. Ohio: ASM 
International; 1998. 

[12] Krauss G. Steels: processing, structure and performance. Ohio: ASM 
International; 2005. 

 76 



[13] Honeycombe RWK, Bhadeshia H. Steels: microstructure and properties. 
London: Edward Arnold; 1995. 

[14] Delagnes D, Lamelse P, Mathon MH, Mebarki N, Levaillant C. 
Influence of silicon content on the presentation of secondary carbides 
and fatigue properties of a 5% Cr tempered martensitic steel. Material 
Science and Engineering A 2005; 394:435-444. 

[15] Lehtinen B, Roberts W. Microstructural changes during tempering of 
hot work tool steels – a comparison of AISI H13 and UHB QRO 80. 
In: Tools for die casting. Hagfors: Uddeholm; 1983:71-93. 

[16] Pickering FB. The properties of tool steels for mould and die 
applications. In: Proceedings of an International Conference on Tool 
Materials for Molds and Dies. Golden: Colodaro School of Mines; 
1987:3-32. 

[17] Williams DB, Carter CB. Transmission Electron Microscopy, a textbook 
for materials science. New York: Plenum Press; 1996. 

[18] Rong W, Dunlop GL. The crystallography of secondary carbide 
precipitation in high-speed steel. Acta Metallurgica 1984; 32(10):1591-
1599. 

[19] International standard ISO 3800:1993(E): Axial load fatigue testing – 
Test methods and evaluation of results. 

[20] Peterson RE. Stress concentrator factors. New York: Wiley; 1974. 
[21] Noyan IC, Cohen JB. Residual stress. Measurement by diffraction and 

interpretation. Berlin: Springer; 1987. 
[22] Bergström J. Residual stress and microstructural behaviour of a shot-

peened steel in fatigue: dissertation. Linköping: Linköping university; 
1986. 

[23] Hoffmann B, Vöhringer O, Macherauch E. Effect of compressive 
plastic deformation on mean lattice strains, dislocation densities and 
flow stresses of martensitically hardened steels. Materials Science and 
Engineering A 2001; 319-321:299-303. 

[24] Oi K, Lux C, Purdy GR. A study of the influence of Mn and Ni on the 
kinetics of the proeutectoid ferrite reaction in steels. Acta Materialia 
2000; 48:2147-2155. 

[25] Odqvist J, Hillert M, Ågren J. Effect of alloying elements on the γ to α 
transformation in steel. Acta Materialia 2002; 50:3211-3225. 

[26] Krauss G. Martensite in steel: strength and structure. Materials Science 
and Engineering A 1999; 273-275:40-57. 

 77



[27] Norström LA, Vingsbo O. Influence of nickel on toughness and ductile-
brittle transition in low-carbon martensite steels. Material Science 1979; 
12:677-684. 

[28] Tritt TM. Thermal conductivity: theory, properties and applications, 
Physics of Solids and Liquids. New York: Kluwer; 2004. 

[29] Humpreys FJ, Hatherly M. Recrystallization and related annealing 
phenomena. Oxford: Pergamon; 2002. 

[30] Hoffmann J, Scholtes B, Vöhringer O, Macherauch E. Thermal 
relaxation of shot peening residual stresses in the differently heat treated 
plain carbon steel Ck 45. In: Wohlfahrt H, Kopp R, Vöhringer O, 
editors,  Proceedings of the 3rd International Conference on Shot 
Peening. Garmisch-Partenkirchen: ICSP3; 1987:239-247. 

[31] Holzapfel H, Schulze V, Vöhringer O, Macherauch E. Residual stress 
relaxation in an AISI 4140 steel due to quasistatic and cyclic loading at 
higher temperatures. Material Science and Engineering A 1998; 248:9-
18. 

[32] Nikitin I, Besel M. Residual stress relaxation of deep-rolled austenitic 
steel. Scripta Materialia 2008; 58:239-242. 

[33] Lide DL. Handbook of chemistry and physics. Ohio: CRS; 2004. 
[34] Herzberg RW. Deformation and Fracture Mechanics of Engineering 

Materials. New York: Wiley; 1996. 
[35] Sjöström J. Chromium martensitic hot-work tool steels – damage, 

performance and microstructure: doctoral thesis. Karlstad: Karlstad 
University press; 2004. 

[36] Armas AF, Petersen C, Smitt R, Avalos M, Alvarez-Armas I. Mechanical 
and microstructural behaviour of isothermally and thermally fatigued 
ferritic/martensitic steels. Journal of Nuclear Materials 2002; 307-
311:509-513. 

[37] Michaud P, Delagnes D, Lamesle P, Mathon MH, Levaillant C. 
Influence of chemical composition on the precipitation of secondary 
carbides in modified AISI H11 hot-work tool steels. In: Rosso M, Artis 
Grande M, Ugues D, editors. Tooling materials and their applications 
from research to market, Proceedings of the 6th International Tooling 
Conference. Milano: Ancora; 2006:733-740. 

[38] Khan KB, Kutty TRG, Surappa MK, Hot hardness and indentation 
creep study on Al–5% Mg alloy matrix–B4C particle reinforced 
composites. Material Science and Engineering A 2006; 427:76–82. 

 78 



[39] Kutty TRG, Jarvis T, Ganguly C, Hot hardness and indentation creep 
studies on Zr-1Nb-1Sn-0.1Fe alloy. Journal of Nuclear Materials 1997; 
246:189-195. 

[40] Suresh S. Fatigue of materials. Cambridge: Cambridge Univ. press;1998. 

[41] Thakur DG, Ramamoorthy, Vijayaraghavan L. Study on the 
machinability characteristics of superalloy Inconel 718 during high speed 
turning. Materials and Design 2009; 30:1718-1725. 

[42] O’Sullivan D, Cotterell M. Machinability of austenitic stainless steel 
SS303. Journal of Materials Processing Technology 2002; 124:153-162. 

[43] Hoseiny H. Metallurgical aspects of machinability of prehardened mould 
steels. Göteborg: Chalmers Univ. of Technology; 2009. 

[44] Mauvoisin G, Bartier O, El Abdi R, Nayebi A. Influence of material 
properties on the drilling thrust to hardness ratio. International Journal 
of Machine Tools and Machufacture 2003; 43:825-832. 

[45] Astakhov VP, Shvets SV, Osman MOM. Chip structure classification 
based on mechanics of its formation. Journal of Materials Processing 
Technology 1997; 71:247-257. 

 

 
 
 

 

 

 

 

 

 

 

 

 

 

 

 

 79




